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Preface

Metallic materials, including superalloys, have reached the upper limit in their use tempera-
tures. Alternative materials, such as ceramics, are needed for significant increase in service
temperatures. Advanced ceramics generally possess, low density, high strength, high elastic
modulus, high hardness, high temperature capability, and excellent chemical and environ-
mental stability. However, monolithic ceramics are brittle and show catastrophic failure
limiting their applications as structural engineering materials. This problem is alleviated in
ceramic-ceramic composites where the ceramic matrix is reinforced with ceramic particles,
platelets, whiskers, chopped or continuous fibers. Ceramic matrix composites (CMCs) are
at the forefront of advanced materials technology because oftheir light weight, high strength
and toughness, high temperature capabilities, and graceful failure under loading. This key
behavior is achieved by proper design of the fiber-matrix interface which helps in arresting
and deflecting the cracks formed in the brittle matrix under load and preventing the early
failure of the fiber reinforcement.

Ceramic composites are considered as enabling technology for advanced aeropropul-
sion, space propulsion, space power, aerospace vehicles, space structures, ground trans-
portation, as well as nuclear and chemical industries. During the last 25 years, tremendous
progress has been made in the development and advancement of CMCs under various re-
search programs funded by the U.S. Government agencies: National Aeronautics and Space
Administration (NASA), Department of Defense (DoD), and Department of Energy (DOE).
Some examples are NASA’s High Temperature Engine Materials Technology Program
(HiTEMP), National Aerospace Plane (NASP), High Speed Civil Transport (HSCT), Ultra
Efficient Engine Technology (UEET), and Next Generation Launch Technology (NGLT)
programs; DoD’s Integrated High Performance Turbine Engine Technology (IHPTET),
Versatile Affordable Advanced Turbine Engines (VAATE), and Integrated High Perfor-
mance Rocket Propulsion Technology (IHPRPT) programs; and DOE’s Continuous Fiber
Ceramic Composites (CFCC) program. CMCs would find applications in advanced aero-
jet engines, stationary gas turbines for electrical power generation, heat exchangers, hot
gas filters, radiant burners, heat treatment and materials growth furnaces, nuclear fusion
reactors, automobiles, biological implants, etc. Other applications of CMCs are as
machinery wear parts, cutting and forming tools, valve seals, high precision ball bear-
ing for corrosive environments, and plungers for chemical pumps. Potential applications of
various ceramic composites are described in individual chapters of the present handbook.

This handbook is markedly different than the other books available on Ceramic Matrix
Composites. Here, a ceramic composite system or a class of composites has been cov-
ered in a separate chapter, presenting a detailed description of processing, properties, and

ix
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applications. Each chapter is written by internationally renowned researchers in the field.
The handbook is organized into five sections. The first section ‘““Ceramic Fibers” gives
details of commercially available oxide fibers and non-oxide (silicon carbide) fibers which
are used as reinforcements for ceramic matrices in two separate chapters. The next sec-
tion “Non-oxide/Non-oxide Composites” consists of seven chapters describing various
composite systems where both the matrix and the reinforcement are non-oxide ceramics.
Special attention has been given to silicon carbide fiber-reinforced silicon carbide matrix
(SiC¢/SiC) composite system because of'its great commercial importance. This CMC system
has been covered in three separate chapters as it has been investigated extensively during
the last thirty years and is the most advanced composite material system which is commer-
cially available. The section ‘“Non-oxide/Oxide Composites” comprises of six chapters
presenting the details of various composites which consist of oxide matrix and non-oxide
reinforcement or vice versa. The composites where both the matrix and the reinforcements
are oxides are covered in three chapters in the section “Oxide/Oxide Composites”. The
final section “Glass and Glass-Ceramic Composites” contains three chapters describing
composites where the matrix is either glass or glass-ceramic.

This handbook is intended for use by scientists, engineers, technologists, and
researchers interested in the field of ceramic matrix composites and also for designers
to design parts and components for advanced engines and various other industrial applica-
tions. Students and educators will also find the information presented in this book useful.
The reader would be able to learn state-of-the-art about ceramic matrix composites from this
handbook. Like any other compilation where individual chapters are contributed by different
authors, the present handbook may have some duplication of material and non-uniformity
of symbols and nomenclature in different chapters.

I am grateful to all the authors for their valuable and timely contributions as well as
for their cooperation during the publication process. Thanks are due to Mr. Gregory T.
Franklin, Senior Editor, Kluwer Academic Publishers, for his help and guidance during the
production of this handbook. I would also like to express my gratitude to Professor Robert
H. Doremus for helpful suggestions and valuable advice.

Narottam P. Bansal
Cleveland, OH
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1
Oxide Fibers

Anthony R. Bunsell
Ecole des Mines de Paris

Centre des Matériaux, BP 87, 91003 Evry Cedex, France
Tel. +33(0) 160763015, E-mail :anthony.bunsell @ ensmp.fr

ABSTRACT

Oxide fibers find uses both as insulation and as reinforcements. Glass fibers, based on
silica, possess a variety of compositions in accordance with the characteristics desired.
They represent the biggest market for oxide fibers. Unlike other oxide fibers, glass fibers are
continuously spun from the melt and are not used at temperatures above 250°C. Short oxide
fibers can be melt blown whilst other aluminasilicate and alumina based continuous fibers
are made by sol-gel processes. Initial uses for these fibers were as refractory insulation, up
to 1600°C, but they are now also produced as reinforcements for metal matrix composites.
Continuous oxide fibers are candidates as reinforcements for use up to and above 1000°C.

1.0. INTRODUCTION

Synthetic fibers, both organic and inorganic, were developed in the twentieth century
and represent an enormous market. Their development has had a marked effect on the
textile industry, initially in long established industrial nations and increasingly in developing
countries. The processing and handling techniques of synthetic fibers are often related to
traditional textile processes but a considerable fraction of even organic fibers are used for
industrial end products. This fraction is considerably greater for inorganic fibers. More than
99% of the reinforcements of resin matrix composites are glass fibers and most of these
are of one type of glass. The diameters of glass fibers are of the order of 10 pm or about
one eighth the diameter of a human hair. The fineness of the filaments makes them very
flexible despite the inherent brittleness and stiffness of the material. It is the development
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of glass fibers which has laid the foundations for the present composite materials market.
The fibers are produced as tows of continuous filaments which are then converted into many
different products. The fibers can be woven by the same techniques as other continuous
synthetic fibers. The fibers can also be wound around a mandrel and, impregnated with a
resin, made into filament wound tubes, for example. Alternatively they can be formed into a
non woven mat which can then be draped around a form and impregnated with a resin or put
into a mould and impregnated. The resin then can be cured to form a structural composite
material. Glass fibers can be chopped into short lengths and mixed with an uncured resin
which can then be placed into a mould and formed into a structure or mixed with a resin to be
injected into a mould so as to form a structure. Glass fibers are also chopped and projected
with the resin against a mould to make cheap large scale structures. Glass fiber reinforced
resin composites are ubiquitous materials which find uses in applications such as pipelines,
parts of car bodies, boats, pressure vessels and a thousand and one other applications. It is
particularly useful as it resists many corrosive environments and so is used for chemical
storage tanks and for other applications for which chemical inertness is required. Glass
is however limited in its use as it has a low Young’s modulus, about the same as that of
aluminum and it has limited high temperature capabilities. It is also sensitive to extreme
variations in pH.

Glass fibers are predominantly formed with silica but also contain alumina. Fibers which
are rich in alumina have been produced since the late 1940s. This type of fiber was initially
produced in a low cost discontinuous form and used for refractory insulation, typically in
furnace linings, and has found a very large market. Alumina is about five times stiffer than
silica so that, in the form of fine filaments, it is attractive as a potential reinforcement for
light alloys and even vitreous ceramics. The development of ceramic matrix composites,
in the 1980s, originally based on silicon carbide based fibers, opened up other horizons to
oxide fibers. Unlike SiC based fibers they were insensitive to oxidation and held out the
promise of enhanced properties far above the best metal alloys and even silicon carbide
ceramics. Such fibers are used as reinforcements for light alloys such as aluminum but also
with matrices such as mullite.

2.0. DEVELOPMENT OF OXIDE FIBERS

The primary component of glass filaments is SiO,, followed by CaO, Al,O3 and other
oxides. A number of types of glass fiber exist with different compositions according to
the desired characteristics. Glass filaments have probably been formed since or before
Roman times and more recently the production of fine filaments was demonstrated in Great
Britain in the nineteenth century and used as a substitute for asbestos in Germany during
the first World War. In the latter application molten glass was poured onto a spinning disc
to produce discontinuous fibers. In 1931 two American firms, Owen Illinois Glass Co.
and Corning Glass Works developed a method of spinning glass filaments from the melt
through spinnerets. The two firms combined in 1938 to form Owens Corning Fiberglas
Corporation. Since that time extensive use of glass fibers has been made and there are
major producers in several countries. Initially the glass fibers were destined for filters and
textile uses however the development of heat setting resins opened up the possibility of
fiber reinforced composites and in the years following the Second World War the fiber took
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a dominant role in this type of material. Today, by far the greatest volume of composite
materials is reinforced with glass fibers.

The development of more refractory fibers dates from 1942 and in 1949 a patent was
awarded to Babcock and Wilcox in the USA for the melt blown production ofaluminosilicate
filaments (1). Refractory insulation is most usually produced in the form of a felt consisting
of discontinuous fibers and other non fibrous forms, depending on the manufacturing process
used. The usual starting material for production is kaolin, also known as china clay. It is
a natural form of hydrated aluminum silicate (Al,SiOs(OH)4). An alternative route is to
use mixtures of alumina and silica. The fibers are known collectively at aluminosilicate
Refractory Ceramic Fibers or simply RCFs. The progressive replacement, in the earlier
fibers, of silica by alumina improved their refractory characteristics but made manufacture
more difficult. The fibers made from kaolin contain around 47% by weight of alumina. Shot,
or non fibrillar particles, levels are high and can be of the order of 50% of product mass.
These products continue to find important markets and are continuing to develop. A concern
for these classes of fibers is the possibility of risks to health. This concern comes from the
proven carcinogenic effects of asbestos fibers and which cause all fiber producers to take
the possibility of health hazards seriously. An important consideration is the diameter of the
fibers being made which if they are similar to the alveolar cellular structure of the lungs can
mean that they can become blocked in the lungs. Even if no long term morbidity occurs the
efficiency of the lungs would be reduced. The critical size seems to be one micron however
even if no effects are proven the industry is developing low biopersistent fibers, to be used
as thermal insulation. These are vitreous fibers containing calcium oxide, CaO, magnesia,
MgO, and silica, SiO;, in variable proportions. Other oxides may be added to optimize
temperature resistance or other properties. The fibers are more soluble than the traditional
RCFs and would reside for less time in the lungs if inhaled.

The aluminosilicate RCF fibers are most widely used in the form of a non-woven
blanket or board for furnace linings in the metallurgical, ceramic and chemical industries.
An alternative refractory brick would be up to ten times heavier. The use of aluminosilicate
felts allows fast heating and cooling cycles of furnaces, because of the reduced mass which
has to be heated or cooled and this allows considerable cost savings to be made compared
to other types of insulation.

Producing oxide fibers by sol-gel processes is more expensive than the melt blown
process but greater control of the final product is possible and the fibers can be made with
a much higher alumina content. Another advantage is that the precursor is spun at low
temperatures before being pyrolysed. A British patent was awarded to Babcock and Wilcox
in 1968 for the production of oxide fibers by this process and since then a considerable
number of other companies, mostly in the USA, UK and Japan have made fibers using
the sol-gel route (2). ICI developed a short fiber with a diameter of 3 wm called Saffil in
1974 (3). This fiber is 97% alumina and 3% silica and was originally developed for high
temperature insulation up to 1600°C. The increased interest during the late 1970s for metal
matrix composites saw Saffil used to reinforce aluminum and it remains the most widely
used fibrous reinforcement for light alloys. The successful use of Saffil fiber reinforced
aluminum by Toyota to replace nickel based alloy inserts to maintain oil rings in diesel
engines has encouraged other firms to produce similar products.

The first alumina based continuous fiber was produced in 1974 by 3M and is sold
under the name Nextel 312. It contains only 62% alumina together with boria and silica.
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It has an essentially amorphous structure and is limited to use below 1000°C because
of the volatility of boria but it remains the foundation of the 3M Nextel range of oxide
fibers. Later in that same decade DuPont produced the first continuous polycrystalline
99.9% alpha-alumina fiber called Fiber FP (4). The fiber was made by spinning in air, a
slurry, composed of an aqueous suspension of a-alumina particles and aluminum salts.
The as-obtained fiber was then dried and fired in two steps. The incentive for producing
this fiber was the possibility of reinforcing aluminum connecting rods in, initially, Toyota
engines. The fiber had the high modulus of bulk alumina and this, coupled with its relatively
large grain size of around 0.5 pm and a diameter of 20 pwm, meant that it could not be
easily handled. The fiber had a failure strain of approximately 0.3%. Fiber FP was not
developed commercially but is seen as a model fiber against which other polycrystalline
oxide fibers can be compared. In an attempt to improve handleability DuPont produced a
fiber, called PRD-166, containing 80% by weight of a-alumina and 20% zirconia (5). The
presence of the second phase, in the form of grains of 0.1 pm, reduced the grain size of
the aluminato 0.3 wm. The presence of tetragonal zirconia in bulk alumina increased room
temperature strength by phase transformation toughening and also limited grain boundary
mobility, grain sliding and growth at high temperatures. The zirconia phase also reduced
the overall Young’s modulus ofthe fiber. However the improvement of the tensile properties
was not sufficient to allow commercial development of the PRD-166 fiber. During the
1980s and 1990s a number of companies in Japan and the USA developed oxide fibers
which overcame the difficulties encountered by the fibers produced by DuPont. Sumitomo
Chemicals produced the continuous Altex fiber in which the 15% of amorphous silica
stabilized the alumina grains in the y-phase which meant that the grain size was 25 nm
(6). The Altex fiber had only half the Young’s modulus of a pure, dense a-alumina fiber
and so could be more easily handled and woven. Mitsui Mining produced the Almax fiber,
which in composition and grain size, was very similar to the Fiber FP, however it had only
half'its diameter (7). The reduction in diameter meant an eight times increase in flexibility
and so the fiber could be woven. Later 3M produced the Nextel 610 fiber with the same
diameter as that of the Almax fiber but with grain sizes of 0.1 pm which doubled the fiber
strength (8).

During this period 3M produced a range of oxide fibers with increasingly high per-
formance properties. The sol-gel process used to produce the Nextel 312 was modified to
produce the Nextel 440 fiber. The composition of 3 mol of alumina for 2 mol of silica was
maintained but the boria content was reduced to increase its high temperature stability. The
Nextel 440 fiber is formed of nano-sized +y-alumina grains in an amorphous silica phase.
The fiber has been successfully used to reinforce mullite. The Nextel 720 fiber from 3M
is made up of aggregates of mullite grains in which are embedded a-alumina grains (9).
Although the grains of each phase are small the aggregates of similarly aligned mullite
grains act like single grains of 0.5 pm and this gives the Nextel 720 fiber the lowest creep
rate of any oxide fiber at temperatures above 1000°C (10). The fiber is however sensitive to
alkaline contamination (11). 3M also produces the Nextel 650 fiber which is reminiscent of
the PRD-166 fiber as it contains zirconia as a second phase (12).

The initial interest in small diameter oxide fibers as rivals to small diameter SiC fibers
for use in ceramic matrix composites has been largely unfulfilled. Although the oxide fibers
do not suffer from oxidation, as do the SiC fibers, they are inherently less mechanically
stable above 1000°C. Whereas the co-valent bonds in SiC resist creep the ionic bonds in
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oxides allow easier movement of the structure. The complexity of the crystal structures of
some oxides, such as mullite, does impart good inherent creep properties but ultimately
grain boundary sliding and also the metastable state of some of the more complex systems
means that oxide fibers are primarily limited to uses below 1200°C if they have to carry
loads.

Removing grain boundaries by growing single crystal oxide filaments from the melt
either by heating the ceramic in a crucible or by laser has been explored since the 1960s (13).
This technique involves a single seeding grain touching the surface of the molten ceramic
and slowly being drawn away from it. Such fibers were investigated by Tyco Laboratories
(14) and developed commercially by Saphikon in the USA (15). It has been shown that
such a-alumina fibers with their C-axis aligned parallel to the fiber axis can resist creep
up to 1600°C (16). Saphikon produced fibers composed of single crystal a-alumina and
also YAG-alumina, however the large diameters of 100 pm, and above, coupled with their
prohibitive cost means that there seems to be no prospect of these fibers leaving the lab-
oratory. A much cheaper process developed in Russia at the turn of this century consists
of infiltrating the molten oxide along channels formed by sandwiching molybdenum wires
between sheets of molybdenum (17). When the filaments are formed the molybdenum is
etched away. The fibers so formed are inevitably of large diameter and are not circular in
cross-section but may show the way for this type of fiber being developed in a commercially
viable way.

Diameters over 20 uwm have been seen to be too great for easy transformation and
processing into structures but in the future very fine fibers may also be produced with nano-
metric sized diameters and these will also require some innovative processing procedures.
It has been known since the 1950s that single crystal filaments, of oxides and other mate-
rials, with micron size diameters can be grown (18). These filaments, which are known as
whiskers, possess very high strengths because of the lack of defects which otherwise weaken
larger diameter fibers. Whiskers have diameters in the range of 0.5 to 1.5 wm and lengths
which can range from tens of microns to centimeters. The large aspect ratio of length to
diameter makes them theoretically interesting as reinforcements for composite materials but
difficulties due to their toxicity and simply handling them have meant that they have been
little exploited. A technology which is still in the laboratory electrospins sol-gel precursors
which can then be pyrolysed to form even finer, nano-oxide fibers. Little is known about
the properties which can be expected of such fibers but their development shows that the
evolution of oxide fibers is far from over.

3.0. PROCESSING

1.1. Glass Fibers

The basic material for making glass is sand, or silica, which has a melting point around
1750°C, too high to be extruded through a spinneret. However combining silica with other
elements can reduce the melting point of the glass which is produced. Fibers of glass are
produced by extruding molten glass, at a temperature around 1300°C, through holes in a
spinneret, made of a platinum-rhodium alloy, with diameters of one or two millimetres
and then drawing the filaments to produce fibers having diameters usually between 5 and
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TABLE 1. Compositions (% wt) of various glasses used in fiber production.
Soda lime glass is known as A-glass. The type E is the most widely used
glass fiber, types S and R are glasses with enhanced mechanical properties,
type C resists corrosion in an acid environment, type Z in an alkaline
environment and type D is used for its dielectric properties.

Glass type A E S R C Z D
Si0; 72 54 65 60 65 70 74
Al O3 1 15 25 25 1 1

CaO 10 18 9 14 0.2
MgO 3 4 10 6 3 0.2
B20s 8 55 23
Li,O 1

F, 0.3

Fe;03 0.3

TiO, 2 0.1
Na,O 14 8 11 1.2
K20 04 0.5 1.3
ZrOy 15

15 pm. The spinnerets usually contain several hundred holes so that a strand of glass fibers
is produced.

Several types of glass exist but all are based on silica (SiO;) which is combined with
other elements to create specialty glasses. The compositions of the most common types of
glass fibers are shown in Table 1. A-glass is alkali or soda lime glass and is most usually used
for bottles and not in fiber form. The most widely used glass for fiber reinforced composites is
called E-glass, glass fibers with superior mechanical properties are known as S- and R-glasses
which contain a higher amount of alumina. However the higher the content of refractory
solids such as alumina and silica the more difficult it is to obtain a homogenous melt and
this is reflected in the cost of the final product. C-glass is resistant to acid environments and
Z-glass to alkaline environments. Type D-glass is produced so as to have a low dielectric
constant. The temperature of the molten glass is chosen so that a viscosity of around 500 P
(slightly less viscous than molasses) is achieved. The best production temperature is that
which gives the desired viscosity and is at least 100°C higher than the liquidus temperature,
which is the temperature above which devitrification cannot occur and is around 1100°C
for type E glass. This ensures that any slight variation in the temperature of the spinneret
bushings does not lead to them being blocked. A lower temperature risks causing breaks in
the fiber however a lower viscosity could induce instabilities into the glass stream. The cost
of glass fiber production is sensitive to the purity of the raw materials, for which only very
small amounts of iron are desired, for example, and to the use of expensive batch materials,
such as materials containing boron oxide and sodium oxide (19). Typical values of forming
parameters for glass fiber spinning are given in Table 2.

Drawing takes place at high speed and as the glass leaves the spinneret it is cooled by
a water spray so that by the time it is wound onto a spool its temperature has dropped to
around 200°C in between 0.1 and 0.3 seconds. An open atomic network results from the
rapid cooling and the structure of the glass fibers is vitreous with no definite compounds
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TABLE 2. Typical drawing conditions for forming glass fibers.

Typical drawing speeds (Upper limit) 450 to 4500 m min~" < 5000 m min~!
Typical nozzle bore diameters in the spinneret 1 to 2 mm

Nozzle lengths 2to 6 mm

Typical draw-down diameter ratios 96 to 321

Extension ratios 9230 to 103,224

being formed and no crystallization taking place. Despite this rapid rate of cooling there
appear to be no appreciable residual stresses within the fiber and the structure is isotropic.
The glass fibers which are produced have slightly lower densities than the equivalent bulk
glass. The difference is approximately 0.04 g/cc. The higher the draw speed used the lower
the density of the glass fiber which is produced. Heating glass fibers above around 250°C
will produce an increase in density.

The strength of glass fibers depends on the size of flaws, most usually at the surface,
and as the fibers would be easily damaged by abrasion, either with other fibers or by coming
into contact with machinery in the manufacturing process, they are coated with a size. The
purpose of this coating is both to protect the fiber and to hold the strand together. The
size may be temporary, usually a starch-oil emulsion, to aid handling of the fiber, which
is then removed and replaced with a finish to help fiber matrix adhesion in the composite.
Alternatively the size may be of a type which has several additional functions which are to
act as a coupling agent, lubricant and to eliminate electrostatic charges.

Continuous glass fibers may be woven, as are textile fibers, made into a non-woven mat
in which the fibers are arranged in a random fashion, used in filament winding or chopped
into short fibers. In this latter case the fibers are chopped into lengths of up to 5 cm and
lightly bonded together to form a mat, or chopped into shorter lengths of a few millimeters
for inclusion in molding resins.

1.2. Discontinuous Oxide Fibers

1.2.1. Melt-Spun Aluminosilicate Fibers

The Chemical Abstract Service has defined these materials under the CAS number
142844-00-6 as: Refractories, fibers, aluminosilicates. Amorphous man-made fibers pro-
duced from melting, blowing or spinning of calcinated kaolin clay or a combination of
alumina (Al,O3) and silica (Si0O,). Oxides such as zirconia, ferric oxide, magnesium oxide,
calcium oxide and alkalines may also be added.

These aluminosilicate fibers are produced by a melt-spun process in which the starting
material is melted, at around 2000°C, by passing an electric current through it. The molten
ceramic is poured into a stream of compressed air which carries the ceramic with it, producing
drawing. The molten ceramic should be viscous but have a low surface tension in order to
be drawn into fiber form, even so a considerable fraction of the ceramic is not drawn and
is known as ‘shot’. Turbulence breaks the filaments which are formed into discontinuous
lengths with irregular cross sections but a mean diameter would be of the range of 2.5 to
3.5 wm. The need for a low surface tension restricts the alumina/silica ratio to an upper limit
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of 60/40 and pure alumina is not drawn into filament form if produced by this technique
(20).

Alternatively the molten ceramic can be fed to a rapidly rotating disk, or series of disks,
from which short fibers are thrown by centrifugal force. This latter process is similar to that
used in Germany during WWI to produce short glass fibers to replace asbestos. It produces
longer fibers with a slightly larger diameter (3—5 pm) than the first process, which however
is more common. Both techniques produce fibers of great variability in diameter which
however are generally within the range of (1-8 pm) and lengths (up to several centimeters)
and a considerable fraction of non-fibrous shot. The specific surface area of these fibers is
in the range of 0.4-0.8 m?/g.

Shot is undesirable as it does not contribute to the strength and insulation properties of
the product. It is of irregular shape and size and is considerably larger than the fibers which
are formed, ranging from tens of microns to several hundred microns. Shot content can be
reduced to less than 25% by sifting using a standard 212 pm mesh.

The range of compositions of melt-spun aluminosilicate fibers is 4560 wt% Al,Os
with Al,03Si0, as the other major component together with minor amounts of Fe,O3,
TiO,, CaO and other oxides (21). The limit to the composition is the resistance of the
material to devitrification of the glass with, for example, the nucleation and growth of mullite
(3A1,03-28107) which reduces strength dramatically. Strength at temperature increases with
alumina content so that some compositions have 52 wt% Al,Qs, for use as an insulation up
to 1250°C. The highest levels of alumina allow insulation blankets to be produced for use
up to 1400°C. Small additions of Cr,O3 improve temperature resistance.

These melt blown aluminosilicate fibers are produced in several forms by companies
such as Morgan Thermal Ceramics and the Unifrax Corporation : they can be a loose
collection of fibers which is known as ‘bulk fiber’ and are used as fillers; ‘blankets which
can be needle punched felts; the fibers can be made as a laminated felt or paper; stronger
‘boards’ or ‘modules’ are formed by a wet vacuum process to produce a felt in which
the fibers are held together by an organic binder and these products are typically used in
electrical furnaces; ‘blocks’ are made by stacking squares of blanket material, typically
twelve layers 300 x 300 x 25mm are stacked to form blocks of 300 x 300 x 100 mm with
the fibers aligned normal to the larger surfaces to give higher strength in the thickness
direction. The fibers can also be mixed with binders to form product which can be cast or
molded or used as a reinforced refractory cement.

1.2.2. The Saffil Fiber

The Saffil fiber which contains 4% of silica is produced by the blow extrusion of
partially hydrolyzed solutions of some aluminum salts with a small amount of silica, in
which the liquid is extruded through apertures into a high velocity gas stream. The fiber
contains mainly small 8-alumina grains of around 50 nm but also some a-alumina grains of
100 nm. The widest use of the Saffil type fiber in composites is in the form of a mat which
can be shaped to the form desired and then infiltrated with molten metal, usually aluminium
alloy. It is the most successful fiber reinforcement for metal matrix composite.

For refractory insulation applications heat treatments of the fiber above 1000°C induce
the delta alumina to progressively change into alpha alumina. After 100 hours at 1200°C,
or one hour at 1400°C, acicular alpha alumina grains can be seen on the surface of the fiber
and mullite is detected. After 2 hours at 1400°C the transformation is complete and the
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equilibrium mullite concentration of 13% is established. Shrinkage of the fiber and hence
dimension ofbricks are controlled up to at least 1500°C (21). Saffil was originally produced
as a refractory insulation but, in addition, has become the most widely used reinforcement
for light alloys.

1.3. Fine Continuous Oxide Fibers

1.3.1. Manufacture

Continuous fine oxide fibers are based on alumina in one of its forms, often combined
with silica or other phases such as zirconia or mullite (22). Precursors of alumina (Al,O3) can
be obtained from viscous aqueous solutions of aluminum salts Al X,, (OH);_,, where X can
be an inorganic ligand (C1~, NO*~...) or an organic ligand (HCOOH™...). The precursor
gel fibers which are spun are then dried and heat treated. Heating these precursors causes
the precipitation of aluminum hydroxides, such as boehmite (AIO(OH) and the outgassing
of large volumes of residual compounds. The associated volume change and porosity at this
step has to be carefully controlled ifuseful fibers are to be produced. It is also possible to spin
aqueous sols based on aluminum hydroxide directly. Heating the precursor fibers induces
the sequential development of transition phases of alumina which if heated to a high enough
temperature all convert to the most stable form which is alpha alumina. Above 400°C and
up to around 1000°C transitional phases of alumina are produced with grain sizes in the
range of 10 to 100 nm. Above 1100°C a-alumina is formed. However this transformation is
followed by a rapid growth of porous a-alumina grains, of micron sizes and above, giving
rise to weak fibers. It is essential that this rapid grain growth is controlled or retarded if
fibers with useful properties are to be obtained. Applications of alumina fibers above 1100°C
requires that the nucleation and growth of the a-alumina grains be controlled and porosity
limited. This is achieved by either adding silica precursors or seeds for a-alumina formation
to the fiber precursors. This has led to the development of two families of alumina based
fibers, one consisting of primarily of a-alumina grains and the other oftransitional alumina
phases together with another phase.

If alumina is combined with silica (SiO;) the transformation to alpha alumina can be
retarded and controlled. The microstructures of such fibers depend on the highest temperature
the fibers have seen during the ceramisation. Very small grains of m, y or 8 alumina in
an amorphous silica continuum are obtained with temperatures below 1000-1100°C. The
combination of alumina and silica phases changes the inherent rigidity of the fibers as the
Young’s modulus of alumina is around 400 GPa and that of silica approximately 70 GPa,
as can be seen in Figure 1.

Strength is not effected by the silica content, as can be seen by Figure 2. The differences
in the strengths of the a-alumina fibers are principally due to differences in grain size. The
Nextel 610 fiber is composed of a-alumina of around 0.1 wm whereas the other two fibers
shown have grains or 0.5 pm. The lower strength of the Almax fiber compared to the Fiber
FP is due to porosity although the former’s smaller diameter makes it easier to handle
(22). Silica softens at around 1000°C so that alumina fibers which contain amorphous silica
are not suitable for applications at higher temperatures. However the fibers are inherently
resistant to oxidation and are stable in molten metals. They have been used successfully in
reinforcing light metal alloys. It should be noted however that alumina is not easily wetted
by many molten metals so that attention has to be taken to improve fiber-matrix interface.
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Many metal matrix composites are made by squeeze casting in which the molten metal is
infiltrated under pressure into a fiber perform. The applied pressure is sufficient to achieve
good interfacial bonding with fibers composed of y - or d-alumina because of the small sizes
of the grains leading to large active contact surfaces.

When heated to around 1200°C alumina combined with silica is partially converted to
mullite which can have a range of compositions from 2A1,03-Si0; to 3A1,03-2810;. The
interatomic bonds governing creep in alumina which are ionic and covalent lead to creep at
temperatures above 1000°C. The development of fibers combining both alumina and another
phase, such as mullite or zirconia, which can hinder creep processes has encouraged interest
in the possibility of oxide fibers being used to reinforce ceramics.

1.3.2. Continous Alumino-Silicate Fibers

1.3.2.1. The Altex Fiber The Altex fiber is a fiber produced by Sumitomo Chemicals.
The fiber is circular in cross section and has a smooth surface. The fiber is obtained by the
chemical conversion ofa polymeric precursor fiber, made from a polyaluminoxane dissolved
in an organic solvent to give a viscous product with an alkyl silicate added to provide silica
(18). The precursor is then heated in air to 760°C, a treatment which carbonises the organic
groups to give a ceramic fiber composed of 85% alumina and 15% amorphous silica. The
fiber is then heated to 970°C and its microstructure consists of small y-alumina grains of
a few tens nanometres intimately dispersed in an amorphous silica phase. Subsequent heat
treatment produces mullite above 1100°C. At 1400°C the conversion to mullite is completed
and the fiber is composed of 55% mullite and 45% alpha alumina by weight.

1.3.2.2. The Nextel Fibers The 3M corporation produces a range of ceramic fibers
under the general name of Nextel. The Nextel 312 and 440 series of fibers are produced
by a sol-gel process. They are composed of 3 moles of alumina for 2 moles of silica with
various amounts of boria to restrict crystal growth. Solvent loss and shrinkage during the
drying of the filament produces oval cross sections with the major diameter up to twice the
minor diameter. They are available with average calculated equivalent diameters of 89 um
and 10-12 pm A more crystalline version of the Nextel 440 fiber was produced under the
name of Nextel 480 but appears to no longer to be available.

The Nextel 312 fiber, which first appeared in 1974, is composed of 62% wt Al, O3, 24%
Si0; and 14% B;03 and appears mainly amorphous from transmission electron microscopy
observations although small crystals of aluminium borate have been reported. It has the
lowest production cost of the three fibers and is widely used but has a mediocre thermal
stability as boria compounds volatilise from 1000°C inducing some severe shrinkage above
1200°C. To improve the high temperature stability in the Nextel 440 and 480 fiber, the
amount of boria has been reduced. These latter fibers have the same compositions: 70%
Al,03,28% SiO; and 2% B,0; in weight but their microstructures are different. Nextel
440 is formed in the main of small v-alumina in amorphous silica whereas Nextel 480 was
composed of mullite. These differences may be due to different heat treatments of similar
initial fibers, the Nextel 440 fiber being heated below the temperature of mulitisation.

The Nextel 720 contains the same alumina to silica ratio as in the Altex fiber, that is
around 85% wt Al,O3 and 15%wt SiO,. The fiber has a circular cross section and a diameter
of 12 pm. The sol-gel route and higher processing temperatures have induced the growth
of alumina rich mullite and alpha alumina. Unlike other alumina-silica fibers the Nextel
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720 fiber is composed of a mosaic of mullite grains of around 0.5 pm consisting of several
slightly mutually misoriented grains in which elongated a-alumina grains are found. This
structure results in the Nextel 720 being the oxide fiber with the lowest creep rate. Post
heat treatment leads to an enrichment of a-alumina in the fiber as mullite rejects alumina to
evolve towards a 3:2 equilibrium composition. Grain growth occurs from 1300°C (10).

1.3.3. Alpha Alumina Fibers

Alpha alumina is the most stable and crystalline form of alumina to which all other
phases are converted upon heating above around 1000°C. As we have seen above, fibers
based on alumina can contain silica as its presence allows the rapid growth of alpha-alumina
grains to be controlled. However the presence of silica reduces the Young’s moduli of the
fibers and reduces their creep strength. High creep resistance implies the production of almost
pure alpha alumina fibers however to obtain a fine and dense microstructure is difficult. The
control of grain growth and porosity in the production of alpha-alumina fibers is obtained by
using a slurry consisting of alpha alumina particles, of strictly controlled granulometry, in
an aqueous solution of aluminium salts. The rheology of the slurry is controlled through its
water content. The precursor filament which is then produced by dry spinning is pyrolysed
to give an alpha-alumina fiber.

1.3.3.1. FiberFP The FP-fiber, manufactured by Du Pont in 1979, was the first wholly
a-alumina fiber to be produced (4). Its production involved the spinning in air of a slurry
composed of an aqueous suspension of Al O3 particles and aluminium salts. The as obtained
fiber was then dried and fired in two steps, the first to control shrinkage and followed, at a
higher temperature, by flame firing to obtain a dense microstructure of a-alumina. A final
step, involving a brief exposure to a high temperature flame to produce a fine surface layer of
silica, had the effect of improving fiber strength and aiding wettability with metal matrices.
It was a continuous fiber with a diameter of 18 wm This fiber was composed of 99.9%
alpha alumina and had a density of 3.92 g/cm® and a polycrystalline microstructure with a
grain size of 0.5 pm, a high Young’s modulus of 410 GPa, a tensile strength of 1.55 GPa at
25 mm but a strain to failure of only 0.4%.This brittleness made it unsuitable for weaving
and although showing initial success as a reinforcement for light alloys, production did
not progress beyond the pilot plant stage and commercial production ceased. Never-the-
less Fiber FP represents an example of an almost pure alumina in filament form and as
such allows the fundamental mechanisms in this class of fiber to be investigated (23). This
fiber was seen to be chemically stable at high temperature in air, however its isotropic fine
grained microstructure led to easy grain sliding and creep, excluding any application as a
reinforcement for ceramic structures.

Other manufacturers have modified the production technique to reduce the diameter
of the alpha-alumina fibers that they have produced. This reduction of diameter has an
immediate advantage of increasing the flexibility and hence the weaveability of the fibers.
Mitsui Mining and 3M Corporation have introduced polycrystalline fibers, the Almax and
the Nextel 610 fibers with diameters of 10 pm, that is half the diameter of Fiber FP.

1.3.3.2. Almax Fiber An alpha-alumina fiber which is still commercially available
was produced first in the early 1990s by Mitsui Mining (7). It is composed of almost pure
alpha alumina and has a diameter of 10 wm. The fiber has a lower density of 3.60 g/cm>
compared to Fiber FP. Like Fiber FP the Almax fiber consists of one population of grains
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of around 0.5 pwm however the fiber exhibits a large amount of intragranular porosity, and
associated with numerous intragranular dislocations without any periodic arrangement. This
indicates rapid grain growth of alpha alumina grains during the fiber fabrication process
without elimination of porosity and internal stresses. As a consequence, grain growth at
1300°C is activated without an applied load and reaches 40% after 24 hours, unlike that with
the other pure alpha alumina fibers, for which grain growth is related to the accommodation
of the slip by diffusion.

1.3.3.3. Nextel 610 A continuous alpha-alumina fiber, with a diameter of 10 pm,
was introduced by 3M in the early 1990s with the trade-name of Nextel 610 fiber (24). It is
composed of around 99% alpha alumina although a more detailed chemical analysis gives
1.15% total impurities including 0.67% Fe,O; used as a nucleating agent and 0.35% SiO,
as grain growth inhibitor. It is believed that the silica which is introduced does not form
a second phase at grain boundaries although the suggestion of a very thin second phase
separating most of the grains has been observed by transmission electron microscopy. The
fiber is polycrystalline with a grain size of 0.1 p.m, five time smaller than in Fiber FP.

1.3.4. Alumina Zirconia Fibers

1.3.4.1. PRD-166 Fiber Du Pont synthesised the PRD-166 fiber in which 20% wt
of partially stabilised tetragonal zirconia was added to increase the elongation to failure
of the fiber (5). The intention was to produce a fiber which, compared to Fiber FP, was
easier to weave. The dispersion of zirconia intergranular particles of 0.15 wm limited grain
growth of the alumina grains which had a mean diameter of 0.3 wm instead of 0.5 pm for
Fiber FP for a similar initial alumina powder granulometry. These particles underwent a
martinsitic reaction in the vicinity of the crack tips, which in a similar bulk ceramic results
in the partial closure of cracks and in an increase of the fiber strength. It is not clear if this
process was significant in the fiber form or if the reduction in grain size was more important
but the PRD-166 fiber was stronger than the Fiber FP with a failure strength of 1.8 GPa at
a gauge length of 25 mm. The resulting stiffness of the reinforced alumina was lower than
that of Fiber FP, E = 344 GPa, due to the lower Young’s modulus of zirconia (200 GPa)
compared to that of alumina (*400 GPa). However the increase in strain to failure was not
sufficient to allow weaving with the PRD-166 fiber and production of the PRD-166 fiber
did not progress beyond the pilot stage, however the study of this fiber permits a greater
understanding of the mechanisms of toughening and the enhancement of creep behaviour
of alumina fibers.

1.3.4.2. The Nextel 650 Fiber The Nextel 650 fiber is produced by 3M, in order to
combine the properties of a fiber which was above all resistant to alkaline contamination, as
this was important for a reinforcement for high temperature composites, and second have
improved creep resistance compared to the Nextel 610 pure a-alumina fiber (25). The Nextel
650 fiber has been produced, like others in the Nextel series, by sol-gel processing with the
use of iron compounds as nucleating agents and SiO, to restrict grain growth compared
to the PRD-166 fiber. The addition of a-Fe;O3, which has a similar structure to that of
a-alumina, to the sol is to lower the temperature at which transitional phases of alumina are
converted to a-alumina and this helps in the production of a low porous structure.

The Nextel 650 fiber is continuous and circular in cross-section with a diameter of
11.2 pwm and is composed of a-alumina and 10% wt of cubic zirconia stabilized by 1 %wt of
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Y,03. The zirconia has been added to increase the elongation to failure and to limit alumina
grain growth. The microstructure obtained is very fine with alumina grains of 0.1 pm and
a bimodal zirconia grain size distribution: 5 to 10 nm in size for intra-granular grains and
20-30 nm for inter-granular grains. No other phase can be detected in the as-received fiber
and inter-granular porosity was quasi-inexistent.

1.3.5. Continuous Monocrystalline Filaments

The techniques for producing single ceramic crystals as filaments has been known
since the 1960s and they offer the possibility of producing filaments containing no grain
boundaries with associated high strength (13, 14). Continuous a-alumina monocrystalline
filaments have been commercially produced by the Saphikon company in the USA. (15).
This type of filament is grown from molten alumina by a modified Czochralsky-Stepanov
edge-defined film-fed growth method in which an oriented seed crystal is slowly drawn
from the molten ceramic. The ceramic is either heated by radio frequency induction furnace
in a molybdenum crucible or by a technique known as laser-heated float zone in which
the surface only of a ceramic feed rod is melted by a laser beam. The crystal orientation
which is induced in the filament is that of the seed crystal, which is attached to a molyb-
denum rod, although regular patterns of bubbles can be seen in filaments produced by the
induction furnace heating process and which are due to convection in the molten ceramic.
The production rate is extremely slow and the high cost of producing the filaments to-
gether with their large diameters, usually in excess of 100 pm, means that they are not
being considered for industrial use. The stoichiometric composition of these fibers with
the absence of grain boundaries ensures that they should be able to better withstand high
temperatures above 1600°C. Careful orientation of the seed crystal enables the C-axis of
the a-alumina fiber can be aligned parallel to the fiber axis so that creep resistance can be
optimized.

The same manufacturing processes have been employed to produce an eutectic fiber
consisting of interpenetrating phases of -alumina and Y3AlsO;; (YAQG) (25). The structure
depends on the conditions of manufacture, in particular the drawing speed but can be lamellar
and oriented parallel to the fiber axis. This fiber does not show the same fall in strength seen
with the single phase alumina fiber. However such fibers are seen to relax from 1100°C but
their strengths do not have as strong a dependence on temperature as with the polycrystalline
oxide fibers.

The growth process is extremely slow, typically 100 mm/hr but can easily be adapted to a
wide range of ceramic systems for growing single crystal and directionally solidified eutectic
filaments (27, 28). Although the crystal structure is continuous and Saphikon produced
lengths of up to 3000 m of fiber, usually the lengths of filaments produced in laboratories
are short, being typically tens of centimeters.

An alternative approach to making single crystal fibers and one which is potentially
much cheaper than the technique described above is to infiltrate the molten ceramic in the
channels formed by sandwiching molybdenum wires between molybdenum sheets (17).
These dies are prepared and the wires and sheets diffusion bonded together. The processing
zone is heated using a 8 kHz induction heated graphite susceptor and molybdenum crucible.
Seeds, which are used to control crystal growth and orientation are placed on the top surface
of the molybdenum die. The crucible is filled with the raw material which is melted. As
the raw material becomes molten the molybdenum die is lowered into it and the molten
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ceramic is drawn up the channels by capillary forces. The die is then withdrawn and the
ceramic solidifies from the top down. The seed crystal determines the crystal orientation of
the filaments formed. The technique has been used to produce eutectic ceramic filaments for
which it is not necessary to use a seed (26). Systems which have been made by this technique
include Al,Os3, Al,03-Als Y3052, Al,03-Zr0,(Y;03) and Al,O3-AlGdO;. Mullite filaments
have also been produced by this process. Many fibers can be produced simultaneously by
this technique. Drawing rates are around 10mm/min.

The length of the zone which can be heated limits the length of filament which can be
produced but lengths of up to 250 mm have been announced. Processing is carried out under
inert gas or vacuum. Several batches of fiber can be processed simultaneously to produce
up to 150 g of filaments at a time.

The molybdenum die material is finally removed by etching. Two routes are possible
to remove the molybdenum using the following chemical reactions:

Mo + 3H;0, = H;Mo0O4 + 2H,0 N

Reaction (1), in which hydrogen peroxide is used is more ecologically friendly however the
reaction takes up to three times longer than the second. The cost of hydrogen peroxide is

3Mo + 6HNO; 2525 31, Mo0, + 6NO Q)

higher than for the acids in the second reaction. Both reactions produce a rise in tem-
perature which however is easier to control in the second reaction. Reaction (2) requires
approximately thirty hours to remove the molybdenum so as to release the fibers.

1.3.6. Whiskers

Whiskers are fine high purity monocrystals in the form of filaments. The potential of
whiskers as reinforcements has been discussed for many years as their small diameters,
usually between 0.5 and 1.5 microns means that they contain very few defects and must
posses extremely high strengths, perhaps up to the theoretical strength for matter, which is
approximately one tenth of its Young’s modulus. In addition their aspect ratios of length
to diameter can be considerable as they can be produced with lengths between 20 wm and
it is claimed, several centimeters. A high aspect ratio is just what is required to achieve
reinforcement in composites.

Amongst the oxides which have been produced as whiskers are Al;O3, MgO, MgO-
Al O3, Fe; 03, BeO, Mo0s3, NiO, Cr,03 and ZnO. Typically the whiskers are produced by
heating the metal in a suitable atmosphere such as wet hydrogen, a moist inert gas or air.
The most commonly produced whiskers are of alumina and silicon carbide.

Alumina whiskers are produced by high temperature chemical vapor deposition at the
tip of a substrate particle (21). The temperature has to be high enough for the vapor pressure
of the whisker or whisker forming material to become significant, in which case the atoms
become attached to the tip of the whisker and contribute to its growth. Alumina whiskers
can be produced by passing a stream of moist hydrogen over aluminum powder heated to
around 1400°C. A mass of acicular a-alumina crystals are deposited in the cooler part of
the furnace. This commonly used reaction is as follows:

2Al(g) + 3H,0(g) —> AL Os(s) + 3Ha(g)
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Alternatively the following reaction can be used :

2A1C5(g) + 3C0O4(g) + 3Hx(g) => AlL,Os(s) + 6HCl(g) + 3CO(g)

Considerable difficulties have to be overcome if whiskers are to be used as reinforce-
ments however. They are extremely small so that plastic bag containing whiskers seems to
contain dust. This means that alignment of the whiskers in a matrix is very difficult. There
are potential uses for whiskers combined with more conventional fibers so as to provide
some reinforcement of the matrix in the transverse direction. Their fineness is also another
handicap in their exploitation as one micron is just the size to block up the alveolar struc-
ture of the lungs. For this reason, above all, whiskers remain an intriguing possibility as
reinforcements but one which is little exploited.

1.3.7. Nano-oxide fibers

An emerging technology is the production of fibers of very small diameter, of the order
of 50nm. These fibers are produced by the spinning of a precursor organic fiber from a
pipette to a collecting plate. A high voltage (tens of kilovolts) is passed between the pipette
and the plate and the polymer is drawn from the pipette to the plate. The fibers are generally
collected on the plate to form a random array although work is proceeding to align the fibers.
The fibers are too fine to be tested by conventional techniques but can be tested as bundles.
The fibers can also be subjected to the same cycles of pyrolysis that have been used to
produce larger diameter ceramic fibers. At present this technology is still at the laboratory
stage so that few data are available however the nanometric diameter could be expected to
confer on the filaments perhaps exceptional properties which are not obtained with larger
diameter fibers. This is primarily because dislocation movement should be restricted so that
high strengths and low creep rates could be expected. At the laboratory scale oxide fibers
suchas Al,O3, ZrO, and TiO; as well as carbon fibers have been made but they are far from
having being fully evaluated.

4.0. PROPERTIES

1.1. Glass Fibers

The mechanical properties of a range of glass fibers are shown in Table 3. As
strength and failure strains are not intrinsic properties of a material it is possible to find
a range of values in the literature (29). Physical properties of glass fibers are shown in
Table 4.

Glass fibers are known to fail when subjected to steady unvarying loads. This is not
creep failure but is sometimes known as static fatigue. In this process microscopic defects
grow under the influence of the applied stress. When the defect attains the critical flaw
size for the applied stress the fiber breaks. The growth of flaws in glass was first treated
by Griffith who discussed the energy necessary to propagate a crack in an elastic medium
(30). The energy necessary to separate the two fracture surfaces can be modified by the
environment in which the glass is held. Water, for example can reduce the threshold stresses
for crack propagation. Table 5 gives details about the chemical resistance of the glass fibers
in different environments.
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TABLE 3. Mechanical properties of a number of different types of glass fibers.

Glass type A E S R C D
Strength (20°C) GPa 33 35 4.65 4.65 28 2.45
Elastic Modulus (20°C) GPa 69 73.5 86.5 86.5 70 52.5
Failure Strain (20°C) % 48 4.5 53 53 4.0 4.5
Specific Gravity 2.44 2.54 248 2.48 2.49 2.16
Poisson’s ratio - 0.2 - - - -
Coefficient of Thermal 73 54 16 33 63 25

Expansion (x107-C~1)

TABLE 4. Physical properties of a number of different types of glass fibers.

Properties A E S R C D
Refractive Index 1.538 1.558 1.521 1.546 1.533 1.465
Dielectric constant

1 MHz 6.2 6.6 5.3 6.4 6.9 3.8
Specific heat

cal g~loC-! 0.796 0.810 0.737 - 0.787  0.733
Softening

temperature “C 705 846 1056 952 750 771
Annealing temperature °C - 657 816 - 588 521
Volume resistivity

(ohms-cm) 1.0E + 10 420E + 14  9.03E+ 12 2.03E + 14 - -

TABLE 5. Chemical resistance of glass fibers immersed in different environments.

Durability

(% weight loss) A-Glass E-Glass E-Glass R-Glass C-Glass D-Glass
H20: 24 hr 1.8 0.7 0.5 0.4 1.1 0.7
168 hr 4.7 0.9 0.7 0.6 29 57
10% HCl : 24 hr 1.4 42 38 9.5 4.1 21.6
168 hr 43 5.1 10.2 7.5 21.8
10% H2804 : 24 hr 0.4 39 4.1 9.9 2.2 18.6
168 hr 23 42 5.7 10.9 4.9 19.5
10% Na;CO; : 24 hr 2.1 2.0 3.0 24 13.6

168 hr 2.1 21 31 36.3
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TABLE 6. Examples of typical melt spun short fibers and their characteristics.

Property Kaowool Kaowool 1400 Kaowool 1500 Cera-chrome
Maximum service

temperature 1260°C 1400°C 1500°C 1427°C
Melting point 1760°C 1815°C - =1760°C
Average fiber

diameter 2.8 pm 2.5 pm 2.6 pm 3.5
Specific gravity 2.6 2.8 2.65 2.65
Chemical analysis (%)

Al Og 473 56.3 41.2 425

Si0, 523 433 56.6 55.0

Cr;03 2.1 25

1.2. Aluminosilicate Fibers

The Young’s moduli of these fibers are lower compared to that of pure alumina fibres,
and such fibers are produced at a lower cost. This, added to easier handling due to their
lower stiffness, makes them attractive for thermal insulation applications, in the absence
of significant load, in the form of consolidated felts or bricks up to at least 1500°C. Such
fibers are also used to reinforce aluminum alloys in the temperature range of 300-350°C.
Continuous fibers of this type can be woven due to their lower Young’s moduli. However
microstructural changes occur if the fibers are heated to sufficiently high temperatures.
All transitional phases are changed in to a-alumina around 1100°C. If any amorphous
silica is present in the fiber it will begin to soften at these temperatures and facilitate grain
boundary sliding and creep of the fiber. In addition mullite may begin to be formed around
1000°C and cristobalite around 1200°C. The ionic bonds which occur in oxides allow faster
creep rates than are found in ceramics which possess only co-valent bonds such as silicon
carbide.

1.2.1. Melt Spun Aluminosilicate Fibers

The irregular shapes and fine diameters ofthese fibers make them difficult to characterize
and most available data concerns the properties of finished products. However, Table 6 gives
some data on typical fibers made by the melt spun process (20).

The standard grade products account for most of the ceramic fibers produced and
are made into a variety of products. Their composition of 47-51% alumina and 49-53
silica allows fibers to be produced with small diameters. Within this composition range
there is little variation in thermal resistance however when natural kaolin is the start-
ing material there is a possibility of contamination by alkaline oxides (Na,O and K,O)
which has a detrimental effect on the thermal insulation of the fibers produced. Thes al-
kaline contaminants can combine with the silica in the fiber to form a low melting point
phase and this can cause failure of the fibers. The presence of vanadia (V,03) can further
exacerbate the fiber damage by producing a low melting point phase and reacting with
the alkaline contaminants. Increased thermal resistance is achieved by increasing the alu-
mina content although the increased difficulty in producing this grade means that a higher
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TABLE 7. Property and microstructural changes during the processing of Al,O; fibers containing
approximately 4% SiO,.

Major phases mn ny ¥ v/d 8 8/0 0-mullite a-mullite
Grain size 6 nm 50 nm 100 nm =200
Crystallinity (%) 50 62 68 77 79 86 97 100
a-alumina (%) T 16 20-50 100
Pore volume (mm? /8) 200 187 121 73 46 0 0
Shrinkage at 1400°C

after 1h (%) 18 17 14 8 6.5 3.5 0.5 0
Tensile strength for 3.5 pm

diameter fiber (GPa) 1.8 1.5 05

shot content should be expected as well as a higher specific gravity. Both of the former
materials can suffer from significant shrinkage upon heating above 1200°C due to temper-
ature induced phase changes. The addition of chromia (Cr,O3) retards these phase changes
and reduces shrinkage. The low biopersistent fibers which contain calcia (CaO), magnesia
(MgO) and silica (Si0;) show lower thermal resistance and are probably limited to around
1000°C.

All of these fibers are subject to changes to their microstructures at high temperature
and these ultimately limit their use. Alumina and silica will combine to form mullite from
around 970°C and crystoballite, which is a crystalline form of silica, is formed at around
1260°C. These changes can occur progressively over a period of time when the fibers are
subjected to temperatures in these ranges. The standard RCF starts to precipitate crystobalite
at 1100°C after around 3000 hours, but at 1200°C this is reduced to 300 hours and 50 hours
at 1300°C. The 1400°C grade takes two to three times longer at the same temperatures.
The effects of these phase changes are to cause the mullite grains to grow from, initially,
around 30 nm at 1100°C and 100 nm at 1300°C. The development of these mullite grains
is to reduce the flexibility of the fibers and eventually to lead to the fusing together of the
fibers and the product becomes brittle. Shrinkage of the fiber structure also occurs when
crystallization is initiated and the higher the alumina content the greater the shrinkage. The
standard grade heated for 100 hours at 1100°C will shrink 2% and 2.8% at 1200°C whereas
the 1400 grade will shrink 2.1% and 3.6% under the same respective conditions.

1.2.2. Alumina based fibers produced from precursors

The alumina based fibers discussed in section 3.2 possess a range of compositions.
They can be short, as with the Saffil fibers or continuous, as with the others described. Their
properties at room temperature depend on the a-alumina content and at high temperature,
the presence of any second phase (31). The Saffil fiber contains a few percent of silica
with the remainder of the composition being alumina in one of its transition phases or as
a mixture of transition phases and a-alumina. Table 7 shows the changes in processing
of fibers of this type (32).The properties of alumina based fibers areshown in Table 8.
Figure 3 shows the tensile curves of a pure a-alumina fiber, the Fiber FP, which had a grain
size of 0.5 pm (23).



TABLE 8. Properties and compositions of alumina based fibers

Composition Density  Strength Strain to Young’s CTE
Fiber Type Manufacturer Trade Mark  (wt%) Diameter (pm) (gfcm3) (GPa) failure (%)  Modulus (GPa) 10-6 /°cC
a-Al O3 Du Pont FP 99.9% Al O3 20 3.92 1.2 0.29 414 5.9
based fibers (25-900°C)
9.6 (900-1500°C)
Mitsui Mining Almax 99.9% AlO3 10 3.6 1.02 0.3 344 7
M Nextel 610 99% Al 05 10-12 3.75 1.9 0.5 370 8 (100-1100°C)
0.2%-0.35i0,
0.4-0.7 Fe, 04
Du Pont PRD 166 80% AlOs 20 4.2 1.46 04 366 2.0
20% ZrOy
M Nextel 650 90.4 Al, O3 11 4.1 23 0.6 370 8.0
7.9% Zn0,
1.1% Y,0;
0.6% Fe04
Alumina silica  Saffil Saffil 95% Al, 03 1-5 3.2 2 0.67 300 6
based fibers 5% Si0;
Sumitomo Altex 85% Al 03 15 32 1.8 0.8 210 6
Chemicals 15% Si0;
M Nextel 312 62% Al;03 10-12 and 8-9 2.7 1.7 1.1% 152 3
24% SiO; (25-500°C)
14% B,05
M Nextel 440 T0% Al 04 10-12 3.05 2.1 1.11 190 53
28% SiO;
2% B20s
M Nextel 720 85% Al, O3 12 3.4 2.1 0.81 260 6 (100-1100°C)
15% SiO,

w
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FIGURE 3. Tensile behavior of a pure a-alumina fiber, Fiber FP, as a function of temperature.

It can be seen that not only does the strength fall but the behavior changes from being
linearly elastic below 1000°C to showing plastic deformation at 1100°C and above. At
1300°C the fiber deforms greatly to the point where, on occasions, the tensile testing machine
would reach its end stops without the fiber breaking. The fall in strength of this fiber as a
function of temperature is shown in Figure 4.

Fiber FP creeps from around 1000°C and the rate of creep increases with increasing
temperature, as is shown in Figure 5. The addition of zirconia, in the PRD-166 fiber, to the
coarse grain structure of the a-alumina, Fiber FP, did improve its room temperature strength
(23, 33) but the improvement achieved by the Nextel 610 fiber due to a smaller grain size
was much greater. However the advantage in strength achieved by both mechanisms was

Tensile strength (GPa)

1.4
1.2
1.0
0.8
0.6
0.4

0.2

e,
*a

25

800

900 1000 1100 1200 1300

Temperature (°C)

FIGURE 4. Strength of a pure a-alumina fiber, Fiber FP, as a function of temperature. (Reprinted, from reference
23, with kind permission of Kluwer Academic/Plenum Publishers).
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FIGURE 5. The pure a-alumina fiber, Fiber FP, crept from 1000°C and the creep rate increased with temperature.
(Reprinted, from reference 23, with kind permission of Kluwer Academic / Plenum Publishers).

lost at temperatures of around 1200°C, at which temperature even the Nextel 610 fiber
retained only 30% ofits room temperature strength. The a-alumina Almax fiber, which has
a similar grain size to that of Fiber FP, possesses a lower Young’s modulus than the other
two o-alumina fibers because of about 9% porosity and this accounts for its lower tensile
strength, as can be seen in Figure 6.

Figure 7 compares the creep behavior of the three nearly pure a-alumina fibers. It can
be seen that Fiber FP crept at the lowest rate at each temperature. The smaller grains in the
Nextel 610 fibers allowed them to creep faster whilst the porosity and residual stresses in
the Almax fibers meant that they crept the fastest (23).

Figure 8 shows the creep behavior from 1100 to 1300°C of several fibers: FP and Nextel
610 represent pure alumina fibers, PRD-166 and Nextel 650 zirconia-alumina fibers and

Failure stress (GPa)

0

25 800 900 1000 1100 1200 1300
Tamperstine { C)
= FP o PRD 166 e Almax a Nextel 610

FIGURE 6. Comparison of fiber strengths as a function of temperature. (Reprinted, from reference 23, with kind
permission of Kluwer Academic/Plenum Publishers).
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FIGURE 7. Comparison of creep behavior of the three a-alumina alumina fibers. (Reprinted, from reference 22,
with kind permission of Marcel Dekker Inc.).

Nextel 720, alumina-mullite fibers (12). There are three different parameters distinguishing
these fibers: grain sizes, second phase and inter-granular segregation at Al,Q3/Al,05 grain
boundaries. At 1100°C, Figure 8.a, the advantages of yttrium stabilized zirconia additions
are obvious. The pure alumina fiber Nextel 610 and the Nextel 650 fibers which contains
zirconia have identical a-alumina grain sizes but the latter fiber creeps at a significantly
lower rate. The effect is sufficient to overcome the effects of the smaller a-alumina grain
sizes of the Nextel fibers (0.1pm), compared to Fiber FP (0.5 pm). Up to 1200°C, Figure 8.b
shows that the improvement of creep rates by the addition of zirconia is clearly maintained
by a comparison of the Nextel fibers and the FP and PRD-166 fibers. However, at 1200°C,
the difference of creep rates seen with the Nextel 610 and 650 is reduced compared to that
seen at 1100°C and this is also the case between the FP and PRD-166 fibers. At 1300°C,
Figure 8.c reveals that the presence of zirconia has no effect on the creep phenomena, and
the difference between the grain sizes can explain why the PRD-166 fiber shows creep rates
of around one order of magnitude lower than those of Nextel 650 fiber. Although the Nextel
720 (alumina-mullite) fiber shows high sensitivity to its environment above 1100°C, which
renders it chemically unstable, this fiber shows, at 1300°C, creep rates 5000 times lower
than those of the Nextel 650 fiber. These excellent creep properties are due to the presence
of'a mullite phase but also to the evolution of the microstructure towards a finally composed
structure of elongated a~alumina grains.

The combination of silica with alumina can retain transitional forms of alumina, as in
the Altex fiber but the combination in the Nextel 480 fiber gives a mullite structure whereas
the combination in the Nextel 720 fiber gives a mullite structure in which a-alumina grains
are embedded. All three fibers, however lose strength above 1100°C, as shown in Figure 9.
The fibers show very different creep behavior, as can be seen from Figure 10, with the Nextel
720 fiber showing the lowest creep rate of all oxide fibers.
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FIGURE 8. A comparison of the creep rate of the Nextel 650 and PRD-166 fibers, both of which are composed of a-alumina and
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“Mechanical and Microstructural Characterization of Nextel 650 Alumina-Zirconia Fibres”, with kind permission of Elsevier).
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FIGURE 9. Temperature dependence of tensile strength of the Nextel 720, Nextel 480 and Altex fibers; all contain
alumina and silica in various forms. (Reprinted, from reference 22, with kind permission of Marcel Dekker Inc.).

1.2.3. Continuous single crystal oxide fibers

Figure 11 shows tensile failure stress results obtained in the author’s laboratory on single
crystal @-alumina fibers, with the c-axis aligned with the fiber axis, supplied by Saphikon.
The fibers had a diameter of 125 pm. The limited number of points confirm the observations
of Shaninian (34), and others, on filaments having a diameter of 250 pwm, that strength vari-
ation is not a single function of temperature. The observed fall in strength around 300°C,
which is then followed by an increase in strength around 500°C, could be due to stress cor-
rosion followed by crack blunting. These fibers are not without defects and characteristic
patterns of bubbles of around 1 wm in diameter can be seen in the fibers most probably
due to convection during fiber growth at the meniscus point between the solid and the
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FIGURE 10. A comparison of creep strain rate vs. applied stress at different temperatures for three fibers which

are formed by a combination of alumina and silica. (Reprinted, from reference 22, with kind permission of Marcel
Dekker Inc.).
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FIGURE 11. Variation of tensile strength of Saphikon single crystal a-alumina fibers as a function of temperature.

melt. The fracture morphology of the a-alumina Saphikon fiber shows clearly the cleavage
planes of the crystalline structure. Alpha-alumina has a thomboidal crystallographic struc-
ture which is highly anisotropic so that the tensile and high temperature creep characteristics
are strongly dependent on the crystallographic orientation of the fiber with respect to the
applied load.

The anisotropy and fall in strength at low temperatures of single crystal a-alumina
fibers prompted Saphikon to produce directionally solidified YAG-alumina (Y3AlsO4—
Al,O3) fibers by the edge defined film method. Similar fibers have been produced using a
laser heated float zone technique (35). YAG belongs to a group of minerals which have a
complex cubic crystallographic structure. The structure of YAG is particularly resistant to
creep and is much less sensitive to orientation. The combination of a-alumina with YAG
in a bulk eutectic structure shows excellent stability. Directionally solidified YAG-alumina
fibers have a mosaic microstructure, which can be aligned parallel to the axis. It is composed
of the two interpenetrating phases with average lateral dimensions being around 320 nm.
Each phase does not necessarily show a single crystal orientation but several orientations
may coexist. Filaments of YAG-alumina do not show the fall in strength at low temperatures
observed with single crystal a-alumina fibers (26). The room temperature value of Young’s
modulus is 344 GPa and values of strength in the literature range from 1.35 to 2.4 GPa
with good short term strength retention up to 1500°C with less than a ten percent fall at
this temperature compared to room temperature strength. Table 9 gives values of tensile
strengths of directionally solidified YAG-alumina fibers tested in the author’s laboratory
(36). The strengths of these fibers were found to be rate dependent at 1400°C due to a
phenomenon of slow crack growth so that whereas the strength was measured as being 0.48
GPa with a loading speed of 0.08 MPa/s at a speed of 660 MPa/s the strength was seen to
be 0.90 GPa.

A comparison of creep rates of single crystal a-alumina fibers and directionally
solidified YAG-alumina fibers, at 1400°C, reveals that the former shows no creep at a rate
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TABLE 9. Tensile properties of directionally solidified YAG-alumina
fibers as a function of temperature.

Temperature 21°C 900°C 1000°C 1300°C 1400°C
Young’s modulus (GPa) 344 312 290 241 240
Failure stress (GPa) 1.35 1.28 1.05 0.99 0.77

whilst the latter creeps at a rate of 107 s~1. The structure is stable to 1400°C. Prolonged
heat treatment of the directionally solidified Y AG-alumina fibers, at 1500°C, lasting several
days, produces a loss of alignment in the microstructure and growth, by diffusion, of the
individual phases.

Other directionally grown eutectics have been produced and evaluated however all of
these fibers remain unexploited due to their very high costs.

1.2.4. Whiskers
Table 10 gives data on oxide whiskers (37).

5.0. CONCLUSIONS

Oxides, like all ceramics, are brittle materials however they are made into a wide range
of often flexible fibers which find use in many industrial applications. The flexibility is a
function of the fineness of the filaments which are produced so that most have diameters
less than 20 pm. Glass fibers are the most important reinforcement for composite materials
however their high silica content results in a relatively low stiffness. Other fibers with a
greater alumina content find uses as refractory insulation and as reinforcements. Oxide
fibers are made in a variety of ways, some from the melt, as with glass fibers and short
aluminosilicate fibers. These latter fibers are used above all for high temperature insulation
up to 1600°C. Prolonged exposure to temperatures above 1200°C produce microstructural
changes, however which degrade the fibers. Oxide fibers made by a sol-gel route are produced
for high temperature use, often as reinforcements. These fibers retain their properties up
to 1000°C but above this temperature creep and lose strength by a variety of processes.
Attempts to improve the characteristics of these fibers above 1000°C have produced better
control of creep but strength loss remains a major issue.

Large diameter oxide fibers have been produced but their very high cost and inher-
ent bending rigidity, which is directly related to their diameter, have severely limited their

TABLE 10. Properties of oxide whiskers.

Material Specific gravity Melting point (°C) Tensile strength (GPA) Young's modulus (GPa)

Al03 3.9 2082 14-28 550
BeO 1.8 2549 14-21 700
B;0; 2.5 2449 7 450

MgO 3.6 2799 7-14 310
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interest. New manufacturing processes which are at present being explored could substan-
tially reduce their cost and could offer a future for these filaments.

Other forms of very fine oxide fibers exist or are being developed. Single crystal whiskers

which pose health risks and also present difficulties for handling, because of their very small
dimensions, have not found wide use. Nano-oxide fibers are being developed which may be
fine enough for liquid crystal technology to be used so as to handle them but as yet remain
a possibility for the future.
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ABSTRACT

Non-oxide ceramic fibers are being considered for many applications, but are currently
being developed and produced primarily as continuous-length structural reinforcement for
ceramic matrix composites (CMC). Since only those fiber types with compositions based on
silicon carbide (SiC) have demonstrated their general applicability for this application, this
chapter focuses on commercially available SiC-based ceramic fiber types of current interest
for CMC and on our current state of experimental and mechanistic knowledge concerning
their production methods, microstructures, physical properties, and mechanical properties
at room and high temperatures. Particular emphasis is placed on those properties required
for successful implementation of the SiC fibers in high-temperature CMC components.
It is shown thatsignificant advances have been made in recent years concerning SiC fiber
production methods, thereby resulting in pure near-stoichiometric small-diameter fibers that
provide most of the CMC fiber property requirements, except for low cost.

1. INTRODUCTION

Continuous-length polycrystalline ceramic fibers with non-oxide compositions are cur-
rently being developed and used for a variety of low and high-temperature structural appli-
cations. Recent literature reviews detail the process methods, properties, and applications
for the many non-oxide fiber types that have been developed over the last 30 years [1-5].
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In practically all cases, the non-oxide fiber types have compositions based on silicon com-
pounds such as silicon carbide (SiC) and silicon nitride (Si3Ny). The application currently
envisioned as the most important for these fiber types is that of structural reinforcement
of ceramic matrix composites (CMC) with upper use temperatures well above the current
capability of structural metallic alloys (> 1100°C). However, only the SiC-based types have
reached the stage in which they have been used to reinforce different high-temperature CMC
systems, and as such have composite property databases available in the open literature in
order to verify their reinforcement capabilities. Thus the focus of this chapter is to present
key performance-related properties of these commercial SiC-based fiber types since they
have demonstrated their general applicability as CMC reinforcement. To this end, the first
section presents information on the key production details and as-produced properties of
the SiC types as individual fibers and on our current understanding concerning the under-
lying process-microstructure-property relationships. The second section presents available
data concerning how the deformation and fracture properties of the individual fibers are
affected by temperature, time, stress, and oxidizing environments, again with a discussion
ofunderlying mechanisms. Finally, the last section discusses how these and other SiC fiber
properties are affecting the technical implementation of advanced high-temperature ceramic
matrix composites.

2. APPLICATIONS

Research and development efforts over recent years have focused on achieving SiC-
based ceramic fibers with the optimum intrinsic and extrinsic thermostructural properties
required as reinforcement of high-temperature CMC components, such as those used in
the hot-sections of engines for power and propulsion. As such, general first-level fiber
property requirements are the ability to display high tensile strength in its as-produced
condition, and the ability to retain as much of this strength as possible at high temperatures
for long times under high stresses and oxidizing environmental conditions. For strength
retention, key goals are achieving thermally stable microstructures that display high creep
resistance and high oxidation resistance. However, there are also a variety of second-level
fiber property requirements that are related to CMC fabrication and service. These include
the need for small diameter, carbon-free surfaces, low roughness surfaces, high intrinsic
thermal conductivity, and low acquisition cost.

3. PROCESSING

Today the most common approach for producing polycrystalline ceramic fibers is by
spinning and heat treating chemically derived precursors. In the case of SiC-based fibers,
“green” fibers are spun from organo-metallic “preceramic” polymer precursors, such as
polycarbosilane, followed by cross-linking (curing) and heat treatment steps, such as py-
rolysis and sintering, to convert the fibers to ceramic materials typically based on B-phase
SiC [4]. Particular process and compositional details for a variety of SiC fiber types are
discussed in the next section.

A key characteristic of the polymer-derived SiC fibers is their ultra-fine microstruc-
ture with grain sizes in the nanometer range. Fine grains are typically required for good
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tensile strength, but can be detrimental to creep resistance [6]. The use of polymer
technology also allows the commercial preparation of SiC fibers with small diameters
(<15 pm) and in the form of continuous-length multi-fiber tows, which are then typically
coated with thin polymer-based sizings before being supplied to customers on ~ 100 gram
spools. The sized tows with the small diameter fibers are flexible and generally easy to han-
dle so that they can be textile-formed into fabrics, tapes, braids, and other complex shapes.
Many small-diameter SiC fiber manufacturers also supply fibers in fabric form since most
composite fabrication processes used today generally require an initial step of fabric stacking
or lay-up into a near net-shaped architectural preform of the final CMC product. Although
there are no current methods for fabricating continuous-length single-crystal SiC fibers,
it is expected that the small-diameter polycrystalline SiC fibers will always display better
handle-ability and significantly lower production costs, but reduced creep resistance and
temperature capability. Thermostructural capability and thermal conductivity may also be
degraded in the polycrystalline SiC fibers by the presence of second phases in the fiber grain
boundaries.

Polycrystalline SiC fibers in the form of continuous-length monofilaments are also be-
ing produced by the chemical vapor deposition (CVD) route, which typically uses methyl-
trichlorosilane to vapor deposit fine columnar-grained (~ 100 nm long) SiC onto aresistively-
heated small-diameter (~30 p.m) carbon monofilament that continuously passes through a
long glass reactor [ 1]. CVD SiC fibers on small-diameter (~13 p.m) tungsten monofilaments
are also commercially available, but due to high-temperature reactions between the SiC and
tungsten, these fibers are more suitable as reinforcement of low and intermediate tempera-
ture composite systems. Although the CVD SiC fibers have displayed very high strengths
(~6 GPa for the Ultra SCS fiber), the final fibers currently display diameters greater than
50 pm, which are not conducive to fiber shaping into complex architectural preforms.
Laboratory attempts have been made to reduce their diameters and to produce multi-fiber
tows, but issues still exist concerning finding substrate filaments with the proper composition
and diameter, methods for spreading these filaments during deposition to avoid fiber-to-fiber
welding, and low-cost gas precursors for the CVD SiC.

4. PROPERTIES

4.1. As-Produced Physical and Mechanical Properties

Table 1 lists some key production and compositional details for a variety of SiC-based
fiber types of current interest and availability as CMC reinforcement. The polymer-derived
types range from first-generation fibers with very high percentages of oxygen and excess
carbon, such as Nicalon and Tyranno Lox M, to the more recent near-stoichiometric (atomic
C/Si = 1) fibers, such as Tyranno SA and Sylramic. For the CVD-derived types, such as
the SCS family with carbon cores, the only compositional variables in the SiC sheaths
are slight excesses of free silicon or free carbon. Table 2 lists some of the key physical
and mechanical properties of the SiC fiber types in their as-produced condition, as well
as estimated commercial cost per kilogram, all properties important to fiber application as
CMC reinforcement. These SiC fiber properties in Tables 1 and 2 are in most part those
published by the indicated commercial vendors. It should be noted that the Sylramic fiber



TABLE 1. Production and Compositional Details for SiC-Based Fiber Types

Elemental ~Grain Size, nm
Production Ccomposition, Approx. Maximum (~surface Surface Avg. Diam. Fibers Per
Trade-Name Manufacturer Method weight % Production Temp. roughness) composition pm Tow
Nicalon, NL200  Nippon Polymer 56S81+32C+ 1200°C 2 Thin carbon 14 500
Carbon 120
Hi-Nicalon Nippon Polymer + 62Si+37C+ 1300°C S Thin carbon 14 500
Carbon Electron irr. 050
Hi-Nicalon Type S Nippon Polymer + 698i+31C+ 1600°C 100 Thin carbon 12 500
Carbon Electron irr. 020
Tyranno Lox M Ube Industries Polymer 558i+32C+ 1200°C 1 Thin carbon 11 400/800
100+ 20Ti
Tyranno ZMI Ube Industries Polymer 578i+35C + 1300°C 2 Thin carbon 11 400/800
7604+ 1.0Zr
Tyranno SA 1-3 Ube Industries Polymer + 688i+4+32C+ >1700°C 200 Thin carbon 10-75 800/1600
Sintering 0.6 Al
Sylramic (Dow Corning) Polymer +t 6785i+29C + =>1700°C 100 Thin carbon + 10 R00
COI Ceramics Sintering 080+23B + B + Ti
04N+2.1Ti
Sylramic-iBN COI Ceramics + Polymer + Sylramic >1700°C >100 Thin in-situ BN 10 800
NASA Sintering + (~100 nm)
Treatment
SCS-6-9/Ultra Specialty CVDon~30 70Si+30C+ 1300°C ~100by ~10  SiC/ Thin carbon 140 - 70/140 mono-filament
SCS Materials wm C core trace Si + C
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TABLE 2. Property and Cost Details for SiC-Based Fiber Types

Density, Avg. R.T. Tensile R.T. Tensile R.T. Axial Thermal Thermal Expansion, Current Cost,
Trade-Name Manufacturer glem® Strength GPa Modulus GPa Conduct. W/m K ppm/°C (to 1000°C) (<5Kg), $/Kg
Nicalon, NL200 Nippon Carbon 2.55 3.0 220 3 32 ~2000
Hi-Nicalon Nippon Carbon 2.74 2.8 270 8 3.5 8000
Hi-Nicalon Type S Nippon Carbon 3.05 0.5 400-420 18 13000
Tyranno Lox M Ube Industries 248 33 187 1.5 3.1 1500/1000
Tyranno ZMI Ube Industries 2.48 3.3 200 2.5 1600/1000
Tyranno SA 1-3 Ube Industries 3.02 2.8 375 65 ~5000
Sylramic (Dow Corning) 3.05 32 ~400 46 5.4 10000
COI Ceramics
Sylramic-iBN COI Ceramics + 3.05 3.2 ~400 >46 54 >10000
NASA
SCS-6-9/Ultra SCS Specialty Materials % ~3.5/~6 390-350/390 ~70 4.6 ~9000
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type is no longer being produced by Dow Corning, but by ATK COI Ceramics, who is also
producing its derivative, the Sylramic-iBN fiber.

Examining the SiC fiber properties in more detail, it can be seen that there exists a
strong correlation for each fiber type between its production conditions, its final as-produced
microstructure, and its as-produced physical and mechanical properties. For example, the
approximate maximum production temperature of 1200°C for the first generation polymer-
derived Nicalon and Tyranno Lox M fibers is typically dictated by the fact that during
the green fiber curing stage, a significant amount of oxygen is introduced into the fibers.
This gives rise to oxy-carbide impurity phases in the fiber microstructures, which tend to
decompose into gases that volatize from the fiber near 1200°C, thereby creating porosity and
less than optimum fiber tensile strength [4]. Thus for the first generation fiber types, the high
oxygen content of ~ 10 weight % tends to limit fiber thermal capability for strength retention
and for CMC fabrication to temperatures less than 1300°C, and for CMC long-term service
to temperatures less than 1200°C. The low production temperature also results in very fine
grains (<5 nm), thereby contributing to high creep rates for these fiber types, which are even
further enhanced by the oxygen content in the grain boundaries. In addition, in comparison
to the purer near-stoichiometric SiC fibers, the oxygen and carbon content of these first
generation fibers contribute to lower fiber density, elastic modulus, thermal expansion, and
thermal conductivity, which is further degraded by the small grain size. On the positive side,
the simplicity of the production methods for these fiber types in combination with their low
production temperatures, allow these fibers to be available at the lowest cost in comparison
to the other higher performing SiC fiber types.

Since it is often desirable to fabricate and to achieve long-term use of CMC above
1200°C, advanced production methods that limit the oxide phases in polymer-derived SiC
fibers have recently been developed. In one method, oxygen pickup in the microstructure is
reduced significantly by green fiber curing under electron irradiation. The Hi-Nicalon and
Hi-Nicalon Type S fiber types from Nippon Carbon are produced by this method, and thus
show much reduced oxygen content in comparison to the original Nicalon fiber [4]. The
lower oxygen content allows the Hi-Nicalon Type S fiber to be produced near 1600°C, but the
Hi-Nicalon fiber production temperature is limited to ~1300°C because of higher oxygen
content and significant carbon content. Reducing oxygen increases fiber density, modulus,
expansion, and conductivity over the original Nicalon fiber, but the high carbon content of
the Hi-Nicalon fiber limits these increases. Also the higher production temperatures for both
fiber types are revealed in larger grain sizes, which also impacts fiber thermal conductivity.
Finally, removal of oxygen by electron irradiation appears to introduce added production
costs since the Hi-Nicalon types are 4 to 6 times more expensive than the Nicalon fiber.

In another low-oxygen method, residual oxide-based impurities in the green fibers
are allowed to decompose during subsequent fiber heat-treatment above 1200°C. But by
introducing boron or aluminum sintering aids into the low-strength fiber microstructure and
heating to temperatures above 1600°C, the remaining small SiC grains are allowed to sinter
and grow, forming a fairly dense fiber with reasonable tensile strength [4]. The resulting
fibers such as the Tyranno SA fiber (aluminum aids) and the Sylramic fiber (boron aids) are
nearly oxygen-free and stoichiometric, with the latter type displaying the higher as-produced
tensile strength. In comparison to the other fiber types with lower production temperatures,
the final sintered fibers contain larger grains that are beneficial for improved fiber creep
resistance and thermal conductivity, but can cause fiber strength to degrade below 3 GPa
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if allowed to grow beyond ~200 nm in size. Also, the larger grain sizes typically result in
rougher fiber surfaces, which can cause fiber-fiber abrasion in multi-fiber tows. In addition,
the sintering aids can be somewhat detrimental to fiber creep and oxidation resistance.
Nevertheless, the sintering approach has the major advantage of producing strong fibers at
very high production temperatures, which can significantly open the temperature window
for CMC fabrication and service without experiencing microstructural instabilities in the
fiber reinforcement. In addition, for the Sylramic fiber type, the boron sintering aids can be
removed from the fiber surface and bulk by a post-process thermal treatment in nitrogen-
containing gas, giving rise to the “Sylramic-iBN” fiber that is not only creep and oxidation
resistant, but contains a thin protective in-situ grown BN coating on the fiber surface [7]. But
for all the sintered fiber types, fiber density and modulus are near the maximum values for
SiC, which can have a negative effect, respectively, on CMC weight and on the formability
of CMC fiber architectures. In addition, there is the general increase in cost for the sintered
fibers that typically accompanies their higher production temperatures.

In contrast to the polymer-derived SiC fibers, the CVD SiC monofilament fibers have
the production advantage of rapid high-temperature layer-by-layer formation of the SiC
microstructure without the introduction of deleterious oxide phases. However, the mecha-
nisms for SiC formation from silicon and carbon-containing chemical precursors are very
complicated and quite sensitive to a number of parameters including reactant gas species,
carrier and/or reducing gases, deposition pressure, temperature, gas phase concentrations,
flow rate, etc.. A stoichiometric SiC microstructure may be produced locally, but is difficult
to achieve throughout the entire fiber. For example, current-production CVD SiC monofila-
ment fibers on carbon generally experience process temperatures that decrease from ~1500
to ~1200°C as they pass through the reactor. These conditions result in a slightly silicon-
rich microstructure in the outer layers of the SiC sheath of the SCS-6 fiber, which in turn
leads to fiber creep and strength instabilities at temperatures above 800°C [1]. Recently, the
newer Ultra SCS fiber was developed at Specialty Materials, which displays slightly carbon-
rich sheath compositions, leading to improved as-produced strength, creep resistance, and
strength retention at high temperatures. Despite these small variations in stoichiometry, the
SiC sheaths ofthe CVD fibers display physical and mechanical properties that are closest to
those expected from pure -SiC for any of the SiC fiber types. However, due to the carbon
monofilament substrate, the CVD SiC fibers are ceramic composites in themselves; so that
some of the fiber properties, such as density and axial modulus, are dependent on substrate
size and composition. In addition, costs for current-production CVD SiC monofilaments are
quite high at about $10,000 per kilogram.

Finally, it is interesting to note in Tables 1 and 2 that, whereas fiber physical and
deformation properties can be correlated with as-produced fiber composition and grain size,
there is much less correlation between fiber microstructural conditions and fiber tensile
strength, which is typically measured at a gauge length of 25 mm.. This non-correlation is
generally to be expected since the as-produced strengths of ceramic materials are controlled
by any pores or other flaws introduced into the ceramic bulk or surface during consolidation.
However, in many cases for large-grained ceramics, these flaws relate in a crude manner
with the inverse square root ofthe grain size (Griffith’s law), so that ceramic strength should
increase with smaller grain size. For the SiC fibers, this relationship appears to hold for
average grain sizes above ~100 nm, based on the limited grain size variation between the
Tyranno SA fibers at ~200 nm and the Sylramic and SCS fibers at ~ 100 nm. However,
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below 100 nm, all polymer-derived fibers, despite nanometer grain sizes, show a wide
variation in strength with none ever exceeding ~3 GPa. This observation has generally
been explained by the fact that inherent in the polymer preparation and filtering processes,
potential flaw-related particles with sizes of the order of ~ 100 nm are allowed to pass into
the green fibers, so that these particles rather than the fiber grains are strength limiting.
Another related point is that these fiber types typically have carbon-rich surface layers (see
Table 1) that are capable of blunting strength-controlling fiber surface flaws; so that if
the carbon is removed during CMC fabrication or service, fiber strength losses up to 20%
have been observed. Thus although it would be highly desirable to develop stronger small-
diameter SiC fibers, upper limit strengths of ~3 GPA may be all that can be currently
achieved by current polymer-derived fiber production methods.

4.2. Temperature-Dependent Mechanical Properties

With increasing temperature, SiC fiber bulk properties such as elastic modulus and
thermal conductivity decrease slowly in a relative manner closely equivalent to the same
properties of bulk monolithic SiC. Thus it can be assumed that fiber elastic modulus E
should decrease with temperature T (Celsius) by the following relationship for monolithic
SiC:

ET)=E,—[A-T] A =0.020GPa/°C (1)

where E, is the fiber modulus at 0°C. This modulus behavior should extend to high tem-
peratures, but perceived deviations could begin as low as 800°C where fiber creep strain
begins to appear and to add to the fiber elastic strain. The tensile strength of SiC fibers
also shows a slow monotonic decrease with temperature up to the beginning of the creep
regime. However, within this regime, factors such as grain size, impurity content, and prior
thermostructural history have a significant impact on the rate of fiber strength degradation
with time and temperature. Thus, to better understand SiC fiber capability as structural re-
inforcement of high-temperature CMC, one needs to examine available data concerning the
effects of temperature, time, stress, and environment on the creep and rupture behavior of
the various SiC fiber types.

A convenient approach for evaluating both fiber creep behavior and rupture behavior is
by the stress rupture test in which individual small-diameter fibers are dead-weight loaded
under constant stress, temperature, environment, and gauge-length test conditions, and fiber
creep strain is measured versus time until rupture occurs [8]. Under these conditions at high
temperatures, most SiC fibers in their as-produced condition display a large transient creep
stage. This can be seen in Fig. 1 for high-temperature SiC fiber types under an applied stress
of 275 MPa at 1400°C in air [7]. These curves show that the creep rates for many of the
fibers continuously decrease with time until rupture (letter F), giving the appearance of only
primary stage creep. Although detailed mechanistic studies still need to be performed, it
would appear that the transient behavior is caused by a variety of process-related factors.
For example, due to production temperatures that do not exceed ~1300°C, the Hi-Nicalon
fibers contain very fine grains and thermally unstable oxy-carbide second phases. During
long-term creep testing at 1200°C and above, it is likely that the grains grow and the creep-
prone oxy-carbide phases decompose, resulting in a concurrent reduction in creep rate.
These mechanisms are supported by studies in which a reduced transient stage and overall



NON-OXIDE (SILICON CARBIDE) FIBERS 41

2.5
0| [1400°C/275MPa .~ Hi-Nicalon
X7 Air / 25 mm GL o P _
E -~ |
E 15_ 2 -~ i
(/2] Vg F |
o :
& Sylramic-iBN |
w10 |
19 |
[&]
57 - B
@ Hi-Nicalon
00 0"&' ('] _J . - —I " mem ; I I
0 10 20 30 40 50
Time, hr

FIGURE 1. Typical creep strain versus time curves for high-temperature SiC fibers tested in air under stress-rupture
conditions (F = rupture).

improvement in creep resistance were observed after thermal treatment of the Hi-Nicalon
fiber type at its production temperature and above [9, 10].

For the SiC fibers with the largest grains (~100 to 200 nm), a variety of creep recovery
and annealing studies have been performed to better understand their transient behavior.
For example, recovery tests on the SCS-6 fiber show that the total creep strain typically
consists of an anelastic or recoverable component plus a viscous or non-recoverable com-
ponent [11]. Generally the viscous component continues to increase with time, while the
anelastic component saturates with time to a value no greater than ~2 times the initial
elastic component [12]. Based on this behavior, the anelastic component can be attributed
to Zener grain-boundary sliding [13]. Thus at least a part of the transient behavior ob-
served in Fig. 1 is due to a recoverable creep component. When the large-grained SCS-6
and Sylramic fibers were annealed for extended times near their production temperatures,
grain size did not change. However, total creep strain decreased for the same test conditions,
with the primary stage diminishing more rapidly than the secondary stage. Since these
fiber types contain creep-prone phases, such as free silicon and boron, respectively (see
Table 1), the improved creep resistance can be attributed to the elimination or minimiza-
tion of these second phases from grain boundaries. Indeed, the improved creep behavior
of the Ultra SCS fiber relative to the first-generation SCS-6 fiber [6] can be explained by
elimination of free silicon. Likewise, the improved creep resistance of the Sylramic-iBN
fiber can be attributed to boron removal from the Sylramic fiber [7]. Thus for the Fig. 1
test conditions, the transient creep behavior of as-produced SiC-based fibers can in part be
explained by anelastic grain-boundary sliding and in part by unstable grain sizes and mobile
second phases.

To gain a mechanistic understanding of SiC fiber creep, it is of interest to examine the
property of fiber creep strength. This property is defined as the applied stress required to
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allow a certain creep strain limit to be reached in a given time or service life at a given
service temperature. Thus the higher the fiber creep strength, the greater the fiber’s creep
resistance and ability to retain dimensional stability for a particular service application.
Under conditions where only one grain-boundary diffusion mechanism dominates, fiber
creep strength o can generally be described by the following relationship [14]:

0" = A, d™ 6. exp[Q./RT]. @)

Here A, is a composition-dependent diffusion constant; n is the creep stress exponent, d
is average grain size, m is the grain size exponent, Q. is the controlling creep activation
energy, R is the universal gas constant (8.314 J/mol-K), and T is absolute temperature. Ifthe
concentration of vacancies supporting grain-boundary diffusion is not limited, creep occurs
by Coble creep in which n = 1 and m = 3. However, if the concentration of vacancies is
limited in the grain boundaries, for example, by the presence of second phases, interface-
controlled diffusional (ICD) creep would occur with n values ranging from 2 to as high
as 3. Also ICD is characterized by a much smaller dependence on grain size with m = 1
and energy Q. greater than that for Coble creep.

Not withstanding the existence of transient behavior for the as-produced SiC-based
fibers, Fig. 2 can be constructed to examine the creep strength versus grain size dependence
of these fibers both in their as-produced condition (open points) and after creep strength
improvement by second phase removal (closed points) [6]. Here the selected conditions
are 0.4 % total creep strain in 10 hours at 1400°C in air. In the previous discussion, it was
seen that n values greater than unity are an indication of ICD creep, which in turn implies
m = 1. Assuming this to be the case for the SiC-based fibers, one can draw the solid line in
Fig. 2 near the points of the most creep-resistant fibers to suggest that ICD behavior exists
in these fibers with m/n = 1/2, so that n = 2, a stress exponent typically observed for creep
of polymer-derived SiC fibers [6]. Thus at the present time, the solid line in Fig. 2 represents
the best creep strength behavior to be expected for SiC-based fiber types under the selected
test conditions. This line shows that the annealed Sylramic fiber at ~100 nm grain size (i.e.,
the Sylramic-iBN fiber), probably represents the best SiC fiber type in terms of displaying
the highest values for both creep strength and as-produced tensile strength.

For some applications, large fiber creep strains may be tolerable so that the prime
concern is to assure that the fiber does not fracture or rupture during service. Typically
during stress-rupture testing, the rupture time results show considerable scatter [15], so
that data trends become difficult to analyze mechanistically. Nevertheless, it is possible
to average the applied stresses that cause a given fiber type to rupture at a given time to
develop best fit curves of applied stress or rupture strength versus time at a given temperature.
For example Fig. 3 presents such stress-rupture curves for many of the same fiber types in
Fig. 1 [7]. Here the test conditions are again 1400°C, air environment, and single fiber gauge
lengths of ~25 mm. Comparing Figs. 1 and 3, one can see a general correlation between
good creep-resistance and high rupture strength or long rupture time. But as explained below,
this correlation may not always exist.

To simplify SiC fiber rupture behavior for technical application and mechanistic under-
standing, two simple empirical approaches often used for metals and ceramics have been
successfully developed. One approach is by use of Larson-Miller (LM) master curves or,
equivalently, thermal-activation q-maps [16]. For this approach, measurements have been
made on single fibers across a time range from ~0.01 to over 100 hours using three types
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FIGURE 2. Creep strength of SiC fibers for strain limit of 0.4% at 1400°C for 10 hrs in air: open points =
as-produced condition; closed points = after second phase removal.

of tests: stress rupture (constant stress and constant temperature), slow warm-up (constant
stress, constant rate of temperature change), and fast-fracture (constant temperature and
constant rate of stress change). It was found that by use simple thermal-activation theory,
the rupture results of the three tests for each fiber type could be combined into a single LM
master curve or g-map which describes the applied stress at rupture (fiber rupture strength)
versus the time-temperature dependent parameter q given by

q = Q,/2.3R = T(logt, +22). A3)

Here Q, is the effective stress-dependent activation energy for fiber rupture; T (kelvin) is the
absolute temperature for the rupture test; and ¢, (hours) is the fiber rupture time. Complete
g-maps covering a wide range of temperatures and stresses are shown in Fig. 4a for two
types of oxide fibers: Nextel 610 and Nextel 720, and for three types of SiC fibers: Hi-
Nicalon, Sylramic, Sylramic-iBN. Here the curves represent best-fit averages of the fiber
rupture times as measured for a ~25 mm gauge length.

The rupture results of Fig. 3a have many important basic and practical implications.
First, on the basic level, all curves display approximately the same shape with increasing q;
that is, an initial section with a small negative slope (Region I), and a remaining section
with a much larger negative slope (Region II). This behavior is typical of the rupture of
monolithic ceramics, where as-produced flaws grow slowly in size (slow crack growth) in
Region I; whereas in Region II, creep mechanisms aid in the more rapid growth of the same
flaws or in the nucleation and growth of new micro-cracks and cavities. On the practical side,
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FIGURE 3. Best-fit rupture strength versus time curves for high-temperature SiC fibers tested at 1400°C in air
under stress-rupture conditions at 25-mm gauge length.

the Fig. 3a curves indicate that fiber strength values throughout Region I depend directly on
the fiber’s as-fabricated strength at room temperature (g = 7000). That is, the entire Region
I section moves up in strength when as-produced flaws are reduced in size or frequency.
Alternatively, the section would move up or down if the test gauge length was smaller
or greater, respectively, than the ~25 mm length used to generate the curves. In addition,
Fig. 3a clearly indicates the greater thermostructural capability of the SiC fibers over the
oxide-based fibers both in Regions I and II. The Region I advantage is related to the higher
fracture toughness of SiC; while the Region II advantage is primarily due to slower diffusion
processes in the SiC-based fibers. Finally, the Fig. 3 curves allow prediction of fiber rupture
behavior if any four of the following five application variables are known: stress, stress rate,
temperature, temperature rate, and time [16].

Besides single fibers, Larson-Miller master curves have also been generated for single
multi-fiber tows of various ceramic fiber types [17]. Some of these are shown in Fig. 4b
where again the environment is air and the gauge length is ~25 mm. Because tow strengths
are typically controlled by the weakest fibers in the tow bundle, the tow LM curves are
lower than the single fiber LM curves in Region 1. However, in Region II the tows are
generally stronger. The source of this strength reversal in Region II currently remains
unknown.

One drawback of the LM approach for single fibers is that, as the rupture curves
in Region II become steeper, the q-maps or LM curves begin to lose sensitivity in pre-
dicting fiber rupture strength at high temperatures. As discussed elsewhere [16], this is a
consequence of fiber rupture being controlled by creep-induced flaws so that effective rupture
energy Qy is now controlled by the stress-independent fiber creep energy Q.. Also the LM
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FIGURE 4. Best-fit Larson Miller or g-plot master curves measured in air for SiC and oxide fibers as (a) single
fibers and (b) multi-fiber tows (T = kelvin, t = hours).

curves do not allow a direct quantitative assessment of fiber creep resistance. For example,
the Hi-Nicalon and Sylramic fibers behave similarly in rupture at the high q values, but the
Sylramic fiber creeps much less. To address these limitations, another convenient approach
has been developed for describing SiC fiber rupture in the creep regime. This approach
uses Monkman-Grant (MG) diagrams that plot at a given temperature the log of material
rupture time versus the log of material creep rate at rupture [18]. For ceramic materials,
the log-log results typically fall on one straight-line master curve. At higher temperatures,
the MG lines usually retain the same slope, but rupture times increase with temperature for
a given creep rate. Although SiC fibers appear to rupture in the primary creep stage (see
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FIGURE 5. Best-fit Monkman-Grant lines measured in air for SiC single fibers at 1200°C and the Hi-Nicalon
fiber at 1400°C.

Fig. 1), fairly consistent MG lines can still be constructed for the fibers based on their
minimum creep rate at rupture. For example, Fig. 5 shows best-fit MG lines for average rup-
ture time versus minimum creep rate (or instantaneous rate at rupture) for four SiC fibers at
1200°C in air [19]. Also included are the MG results for the Hi-Nicalon fiber tested at 1400°C
in air.

As indicated in Fig. 5, the slopes for the MG lines for the various SiC-based fibers are
similar to each other; and as temperature increases, rupture times (and strains) at a given
creep rate also increase. However, at a given creep rate and temperature, rupture time data
for the different SiC fiber types do not fall on the same MG line as might be expected from
their somewhat similar compositions. This effect may be due to the anelastic component
contributing to the measured creep rate, or to the observation that the smaller grained
fibers, such as Hi-Nicalon, typically display larger rupture strains than the larger-grained
fibers, such as Sylramic. On the practical side, this effect suggests that the rupture strains
of the SiC fibers can possibly be improved by microstructural manipulation. Nevertheless,
Fig. 5 shows that for a particular application temperature, one cannot select fiber rupture
time independently of fiber creep rate. For example, up to 1200°C the only approach for
obtaining a 1000-hour fiber lifetime is to assure that the application conditions do not create
fiber creep rates more than ~1078 sec™! for the creep—prone fibers (Hi-Nicalon), or more
than ~10~ sec™! for the more creep—resistant fibers (Sylramic).

In general, the maximum temperature/time/stress capability of the more creep-prone
fibers is limited by the fiber tendency to display excessive creep strains (for example, > 1%)
before fracture. On the other hand, the temperature/time/stress capability ofthe more creep-
resistant fibers is limited by fiber fracture at low creep strains (<1%), the values of which
are often dependent on the environment. These limitations are illustrated in Table 3, which
shows the approximate upper use-temperature for some SiC fibers, as determined from the
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TABLE 3. 1000-hr upper use-temperatures for SiC ceramic fibers as estimated from single fiber
creep-rupture results in air (and argon)

: 100 MPa 500 MPa
Fiber Stress
1000-Hr Limit Condition 1% Creep Fiber Fracture* 1% Creep Fiber Fracture*
Non-Stoichiometric Types
Tyranno Lox M 1100°C 1250°C <1000°C 1100°C
Tyranno ZMI, Nicalon 1150°C 1300°C 1000°C 1100°C
(1150°C) (1250°C) (1000°C) (1100°C)
Hi-Nicalon 1300°C 1350°C 1150°C 1200°C
(1300°C) (1300°C) (1150°C) (1150°C)
Near-Stoichiometric Types
Tyranno SA 1350°C =>1400°C 1150°C 1150°C
(1300°C) (1400°C) (NA) (1150°C)
Hi-Nicalon (NA) >1400°C NA 1150°C
Type S (1400°C) (NA) (1150°C)
Sylramic (NA) 1350°C (NA) 1150°C
(NA) (1250°C) (NA) (1150°C)
Sylramic-iBN (NA) =1400°C NA 1300°C
(1300°C) (NA) (1150°C)
Ultra SCS 1350°C >1400°C

* For ~25 mm gauge length.

single-fiber creep and rupture data discussed above. These upper use-temperatures were
determined based on the assumption that the maximum temperature limiting condition
occurred either when the fiber creep strain exceeded 1% in 1000 hours or when the fiber
fractured in 1000 hours. Fiber stresses of 100 and 500 MPa were assumed, which are typical
of the range of stresses experienced by fibers within structural CMC. A “not applicable”
(NA) notation in the table indicates that the more creep-resistant fibers fractured before
reaching a creep strain of 1%.

To put the rupture behavior of SiC fibers in further perspective, Fig. 6 compares the
estimated 1000-hr upper use-temperatures for both commercially available oxide and SiC
ceramic fibers based on single fiber rupture data at 500 MPa in air. These upper use-
temperatures clearly indicate the greater thermostructural capability of the SiC fibers
over the oxide fibers. Another important observation is that the fracture-limited upper
use-temperatures of the more creep-resistant fibers are not measurably better than those
of their more creep-prone counter-part fibers; e.g., compare Hi-Nicalon Type S versus
Hi-Nicalon, and Tyranno SA versus Tyranno Lox M. Also as expected, the stoichiometric
and purer SiC fiber types display the best temperature capability, with the Sylramic-iBN
type currently the best polymer-derived fiber type in this regard. However, some of the more
creep-resistant fiber types display better behavior in air than argon, with the Sylramic fiber
types showing the largest difference [20]. This environmental effect can be attributed in part
to a measurable reduction in intrinsic creep rate for some fiber types in air [20], and in part
to reaction with oxygen to form a thin silica layer on the fiber surface. This layer minimizes
vaporization of thermally unstable phases and also is capable of by blunting surface flaws,
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thereby increasing the creep-rupture strain of all fiber types by as much as 100%. For CMC
service under oxidizing conditions, this environmental effect can be important, since air may
be the effective fiber environment if the CMC matrix is cracked and inert gas the effective
environment if the matrix is uncracked.

Besides potential environmental effects on SiC fiber creep and rupture, one should also
realize that the fiber conditions within a CMC during high-temperature application could
be considerably different than those employed during simple stress rupture testing. For
example, the condition of tensile stress being held constant both in time and along the fiber
length will probably never exist during CMC application due to fiber curvature induced by
the fiber architecture and to the typical occurrence of CMC matrix cracking, where fiber
stresses are highest within the matrix cracks and then drop off within the intact segments of
the matrix. It should also be clear that under these CMC conditions, fiber gauge length is
considerably smaller than the 25 mm length typically used for the stress rupture testing. Thus,
using the data presented here to model SiC fiber high-temperature mechanical behavior in
an accurate quantitative manner is probably not warranted at the present time. Nevertheless,
as shown by available SiC fiber-reinforced CMC data discussed in other chapters of this
book [21, 22], the relative differences between various ceramic fiber types as described in
this section are generally observed in the high-temperature fiber-controlled properties ofthe
CMC.
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4.3. Properties needed for CMC Applications

Composite applications for SiC fibers typically center on CMC for high-temperature
structural applications (> 1100°C), where lower creep and grain-growth rates in comparison
to metallic alloys and oxide fiber composites allow better dimensional stability and strength
retention under the combined conditions of temperature and stress. The SiC fibers can
also provide CMC with greater thermal and electrical conductivity, higher as-produced
strength, and lower density. However, under oxygen and moisture-containing environmental
conditions, the exposed surfaces of Si-based fibers will degrade slowly due to silica growth
and surface recession. Nevertheless, silica is among the most protective of scales, so thatin a
general sense, SiC fibers display good oxidation resistance in the short term. It follows then
that SiC-based fibers are generally preferred for CMC applications that require (1) structural
service under environmental conditions that minimally expose the fibers to oxygen and
(2) upper use temperatures higher than possible with oxide/oxide CMC or state-of-the-art
metallic alloys. Minimal oxygen exposure is typically achieved by incorporating the fibers
in dense protective matrices of similar composition and thermal expansion that can remain
un-cracked after CMC fabrication, such as in SiC/SiC composites.

Today extensive developmental efforts are underway to utilize SiC/SiC CMC in land-
and aero-based gas turbine engines for hot-section components that require service for
many hundreds of hours under combustion gas environments [21, 22]. For the purpose of
achieving high performance high-temperature SiC/SiC components, CMC experience has
shown that a variety of issues exist which relate to retaining the as-produced properties
of the reinforcing SiC fibers during component fabrication and service. Many of these
issues arise in the fabrication stage during the various steps of (1) shaping the continuous
length fibers into architectural arrays or preforms that yield near net-shape component
structures, (2) coating the fibers within the architectural preforms with thin fiber coatings
or interphase materials that are required for matrix crack deflection, and (3) infiltrating the
coated-fiber architectural preforms with SiC-based matrix material, which is often performed
at temperatures of 1400°C and above. Issues also arise during CMC service when the SiC
matrix may crack due to unforeseen stresses. Since these issues dictate additional second-
level property requirements for the SiC fibers, the remainder of this section discusses these
property needs in more detail and the ability of current SiC fibers to achieve them.

For the CMC architecture formation step, some issues that can arise during fiber shaping
include fiber-fiber abrasion within the multi-fiber tows and excess fiber bending stresses,
which may even cause fiber fracture during this step or provide new fiber surface flaws and
residual bending stresses in the architecture that eventually cause premature fiber fracture
during component structural service. Fiber-fiber abrasion can be minimized by fiber types
with surface layers that are smooth and have abrasion resistant compositions such as carbon
or boron nitride. Sizing can also be helpful in this regard, but since the sizing typically
covers the outer fibers of the tow, it is probably not as effective as abrasion-resistant coating
layers on each fiber surface. Likewise, fiber bending stresses can be minimized by fiber
types that have small diameters and low elastic moduli. Thus for architecture formation, as
well as for low acquisition cost, the first-generation polymer-derived fibers such as Nicalon
and Tyranno Lox M are generally the first choice for component fabrication due to their
carbon-rich surfaces, small grain size or surface roughness, and lower elastic moduli. But as
described above, these fiber types are not desirable for the higher temperature components.
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Since achieving these components necessitates use of high-performance SiC fibers with
their concomitant high modulus and large surface roughness, current approaches for high-
performance SiC/SiC component are focusing on (1) near-stoichiometric SiC fiber types with
either carbon-rich surfaces (Hi-Nicalon Type S) or BN-rich surfaces (Sylramic-iBN), and
(2) textile formation processes that provide abrasion-resisting liquids on the fiber surfaces
during the architecture formation step.

During the CMC fabrication step in which chemical vapor infiltration (CVI) is typically
used to deposit thin BN or carbon-containing crack-deflecting interfacial coatings on the
fiber surfaces, potential fiber strength-degrading issues include the risk that chemically
aggressive gases such as halogens, hydrogen, or oxygen may reach the SiC fiber surface
before the protective BN and carbon interfacial materials are formed. The halogens and
hydrogen have been demonstrated to cause fiber weakening by surface flaw etching [23];
whereas oxygen allows the growth of silica on the fiber surfaces, which in turn causes
strong mechanical bonds to be formed between contacting fibers in the fiber architectures
[24]. The detrimental consequence of fiber-fiber bonding is that if one fiber should fracture
prematurely, all others to which it is bonded will prematurely fracture, causing composite
fracture or rupture at stresses much lower than those that would be needed if the fibers
were able to act independently. This oxidation issue is also serious during SiC/SiC service
where the possibility exists that cracks may form in the SiC matrix, thereby allowing oxygen
from the service environment to reach the reinforcing fibers. Because of the high reactivity of
carbon with oxygen above ~500°C and subsequent volatility of the bi-products, cracking of
the matrix can be especially serious for those SiC fiber types with carbon-rich surfaces or for
fibers and interphase materials based on carbon. For this reason, many SiC/SiC component
development programs in the U.S. are utilizing BN-based interfacial coatings, as well as the
Sylramic-iBN SiC fiber type with its in-situ grown BN surface layer [22].

Finally, during the CMC matrix formation step, current SiC/SiC fabrication trends are
progressing toward SiC-based matrices that are formed at 1400°C and above in order to im-
prove matrix and composite creep-rupture resistance and thermal conductivity [22]. In these
cases, the matrix formation times and temperatures are high enough to cause microstructural
changes and strength degradation in the non-stoichiometric SiC fibers that are produced at
temperatures below 1400°C. These effects can also occur in a near-stoichiometric type if
its maximum production temperature is below that for matrix processing. Thus the high
performance SiC fibers with the highest production temperatures (see Table 1) are generally
preferred for these new matrix formation approaches at higher temperatures.

5. SUMMARY AND CONCLUSIONS

This paper has examined the current state of experimental and mechanistic knowledge
concerning the production methods, microstructures, physical properties, and mechanical
properties at room and high temperature for a variety of fine-grained SiC-based ceramic
fibers of’current interest for CMC reinforcement. It has been shown (1) that good correlations
exist between the fiber production methods, microstructures, and properties, and (2) that fiber
production methods over recent years have significantly improved the key fiber properties
needed for implementing SiC fibers in advanced high-temperature CMC components. In
particular, these methods have eliminated such performance degrading impurities as excess
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oxy-carbides, carbon, boron, and silicon to yield dense, high purity, near-stoichiometric SiC
fibers with grain sizes optimized for fiber tensile strength, creep-rupture resistance, thermal
conductivity, and intrinsic temperature capability. However, along with these advances, fiber
acquisition costs have risen to the point that SiC fiber use in the near term may be limited
only to those applications where their usage is enabling, rather than enhancing.

Because of their lower atomic diffusion, higher fracture toughness, lower density, and
higher thermal conductivity in comparison to oxide fibers, pure near-stoichiometric SiC
fibers are currently the preferred reinforcement for CMC products that are required to
operate for long times at temperatures greater than state-of-the-art metal alloys (> 1100°C).
While reduction in production costs and further improvement in high-temperature creep-
rupture resistance are on-going developmental issues for future SiC-based fibers, another
important issue is improvement of the fiber surfaces against environmental attack. In this
area, possibilities exist for the development of oxidation-resistant fiber coatings that are
deposited on tows after fiber processing, or better yet in terms of cost reduction, are formed
in-situ during fiber production. These new coating approaches should also be beneficial for
reducing fiber abrasion and strength degradation during the complex weaving and braiding
processes typically needed for some CMC products. As described here, the new Sylramic-
iBN fiber type with an in-situ grown BN layer goes a long way in this direction, as well
as providing most of the other key properties needed for the fiber reinforcement of high-
temperature SiC/SiC composites.
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ABSTRACT

CVI SiC/SiC composites are manufactured via Chemical Vapor Infiltration Process. The
SiC-based matrices are deposited from gaseous reactants on to a heated substrate of SiC
fiber preforms. An interphase coated on the fibers allows control of damage and mechanical
behavior.

The advantageous properties of CVI SiC/SiC composites such as their excellent high
temperature strength, creep and corrosion resistances, low density, high toughness, resis-
tance to shocks, fatigue and damage, and reliability make them ideal candidates for the
replacement of metals and ceramics in many engineering applications involving loads,
high temperatures and aggressive environments. Mechanical properties exhibit features that
differentiate CVI SiC/SiC composites from monolithic ceramics and glasses, from other
ceramic matrix composites and from other composites.

1. INTRODUCTION

The concept of composite material is very powerful. It covers a wide variety of materials
of which one can tailor the properties with respect to end use applications, through the
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combination of constituents. A large variety of combinations is possible in terms of properties
and arrangement.

The ceramic matrix composites (CMCs) contain brittle fibers and a brittle ma-
trix. This combination ends up in a damage tolerant material. CMCs are of interest to
thermostructural applications. They consist of ceramics or carbon reinforced with
continuous ceramic or carbon fibers. Their mechanical behavior displays several typi-
cal features that differentiate them from the other composites (such as polymer matrix
composites, metal matrix composites, etc . . . ) and from the homogeneous (monolithic)
materials.

CMCs exhibit high mechanical properties at high or very high temperatures (400—
3000°C), and in severe environments. They were developed initially for military and
aerospace applications. Now they are being introduced into new fields and their range
of applications will grow when their cost is lowered drastically.

CMCs can be fabricated by different processing techniques, using either liquid or
gaseous precursors. The CVI SiC/SiC composites consist of a SiC-based matrix rein-
forced by SiC fibers. They are produced by Chemical Vapour Infiltration (CVI). The CVI
technique has been studied since the 1960s, and it has become quite important commer-
cially since commercialization by SNECMA (former SEP, Société Européenne de Propul-
sion). This technique derives directly from Chemical Vapour Deposition. In very simple
terms, the SiC-based matrix is deposited from gaseous reactants on to a heated substrate of
fibrous preforms (SiC). CVI is a slow process, and the obtained composite materials pos-
sess some residual porosity and density gradients. Despite these drawbacks, the CVI pro-
cess presents a few advantages: (i) the strength of reinforcing fibers is not affected during
composite manufacture, (ii) the nature of the deposited material can be changed easily,
simply by introducing the appropriate gaseous precursors into the infiltration chamber, (iii)
a large number of components, and (iv) large complex shapes can be produced in a near net
shape.

The CVI SiC/SiC composites exhibit good mechanical properties at room and high
temperatures that depend on the fiber/matrix interface. Pyrocarbon (PyC) has proven to be
an efficient interphase to control fiber/matrix interactions and composite mechanical behav-
ior. But pyrocarbon is sensitive to oxidation at temperatures above 450°C. A few versions of
high temperature resistant CVI SiC/SiC composites are produced. In order to protect the PyC
interphase against oxidation, multilayered interphases and matrices have been developed.
Multilayered matrices contain phases which produce sealants at high temperatures prevent-
ing oxygen from reaching the interphase. This composite is referred to as CVI SiC/Si-B-C.
Oxidation resistant interphases such as BN or multilayered materials can also be coated on
the fibers. An “oxygen getter” can be added to the matrix to scavenge oxygen that might
ingress into the matrix (enhanced CVI SiC/SiC).

The mechanical behavior of CVI SiC/SiC composites exhibits features which dif-
ferentiate these composites from monolithic ceramics, from other ceramic matrix com-
posites and from other composites. These features depend on composite microstruc-
ture, interphases, fiber and matrix properties. The main characteristics of CVI SiC/SiC
composites are examined: i.e. the applications, the Chemical Vapor Infiltration process
and properties. Main properties are discussed with respect to features of the mechanical
behavior.
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TABLE 1. Potential industrial nonaerospace applications for continuous fiber-reinforced ceramic
composites (after Sheppard [1])

Product area

Examples

Likely industrial market(s)

Advanced heat engines

Heat recovery equipment
internals

Burners and combustors

Burners and combustors

Burners and combustors

Process equipment
Waste incineration systems

Separation/filtration systems

Refractories and related

Structural components

Combustors, liners, wear
parts, etc.

Air preheaters, recuperators

Radiant tube burners

Catathermal combustors

Low-temperature radiant
combustors

Reformers, reactors, HIP
equipment

Handling equipment,
internals, cleanup

Filters, substrates,
centrifuges

Furnace linings, crucibles,
flacks, etc.

Beams, panels, decking,
containers

Primarily high-temperature gas turbines;
possibly adiabatic diesels, S.I. engines
(promising market is gas turbine combustor
retrofits)

Any indirect heating uses; energy-intensive
industrial processes (e.g. aluminum
remelters, steel reheaters, glass melters)

Potentially any indirect-fired, high-temperature
and/or controlled-atmosphere
heating/melting/heat-treating industrial
application

Low-NOy clean fuel heating applications —

including gas turbine combustors, industrial
process heat

Low-NOy clean fuel heating applications —

including small scale (space heating) and large
scale (industrial process) applications

Chemical process industry, petroleum refining

Conventional MSW/RDF facilities, with or
without energy recovery

Gas turbine, combined cycle, and IGCC
configurations; particulate traps for diesel
exhausts; molten metal filters; sewage
treatment

High-temperature industrial
heating/melting/heat treating processes

Possible niche applications for EMI shielding,
corrosive/abrasive environments,
fire-protection, missile protection (e.g. gas
turbine shrouds); and major infrastructure
applications

2. APPLICATIONS

CMCs are candidate materials for many high-temperature structural applications, where

their attractive properties can be exploited to increase performances at reasonable cost.
CMCs are lightweight, damage tolerant, and they exhibit a much greater resistance to high
temperatures and aggressive environments than metals or other conventional engineering
materials. Potential applications include heat exchangers, heat engines, gas turbines, struc-
tural components in the aerospace industry, in nuclear reactors . . . Table 1 details non
aerospace potential applications [1].

Development of CVI SiC/SiC composites began in the 1980s when SEP, Amercorm,
Refractory Composites and others began to develop equipment and processes for producing
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CVI components for aerospace, defense and other applications. CVI SiC/SiC components
were produced and tested. SNECMA (former SEP) is at the forefront of this technol-
ogy and demonstrated satisfactory component performance in engine and flight tests. A
number of CVI SiC/SiC components has performed successfully in engine or full scale
tests [2]:

—~ ramjet chamber for solid propulsion rocket, at 1400°K in kerosene-air,

- combustion chambers and nozzles for liquid propellant rocket engines. A CVI
SiC/SiC chamber cumulated 24 000 sec firing duration in 400 thermal cycles,

~ stators and disc blades in LOX/LH; engines: inlet temperatures over 1600°K, pe-
ripherical speed larger than 500 m/sec,

~ thermal protection systems for space vehicles,

~ nozzle flaps, nozzle cone, afterburner flame holders for jet engines. A Mirage 2000
equipped with CVI SiC/SiC turbine engine flaps flew several times at the 1989 Paris
Air show.

~ spin discs, representative of turbine wheels: tip speeds larger than 500 m/sec and
temperatures higher than 1400°C in an air-kerosene environment.

— recently, nozzle seals made of SiC/Si-B-C composites with a self sealing matrix have
been successfully tested in a F100-PW-229 gas turbine engine [3]. These composites
also showed a low sensitivity to steam environment during low cycle fatigue at
1200°C [3].

Endurance testing in Solar’s Centaur 505 engine has demonstrated that CVI SiC/SiC com-
ponents can be introduced in Industrial Gas Turbines (Solar Turbines). To date, more than
47,000 hours of engine field test experience has been accumulated with protective environ-
mental barrier coatings (EBCs). The longest single test duration was 15144 hours in Solar’s
Centaur 505 engines at industrial sites [4].

The CVI SiC/SiC composites are also promising for nuclear applications because of the
radiation resistance of the B phase of SiC, their excellent high-temperature fracture, creep,
corrosion and thermal shock resistances. Studies on the B phase properties suggest that CVI
SiC/SiC composites have the potential for excellent radiation stability [5]. Furthermore,
because of excellent thermal fatigue resistance, start-up and shut-down cycles and coolant
loss scenarii should not induce significant structural damage [5]. The CVI SiC/SiC are also
considered for applications as structural materials in fusion power reactors, because of their
low neutron-induced activation characteristics coupled with excellent mechanical properties
at high temperature [6-8].

3. HISTORY

Chemical Vapor Deposition (CVD) is a technique of deposition of a solid on a heated
substrate, from gaseous precursors. It has been used for many years to produce wear
resistant coatings, coatings for nuclear fuels, thin films for electronic circuits ceramic
fibers, etc ... When the CVD technique is used to impregnate rather large amounts of
matrix materials in fibrous preforms, it is called chemical vapor impregnation or infiltration
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(CVD) [9]. The CVI technique has been studied since the 1960s, as an extension of CVD
technology [10,11].

CVIwas used first for the synthesis of carbon-carbon composites via pyrolysis of CH, at
1000-2000°C. Carbon-carbon composites display several advantageous properties (such as
low density, good mechanical properties at high temperatures, etc ...) but it appeared from
1973 that applications of carbon/carbon composites would be limited because of a very poor
oxidation resistance at temperatures higher than 450°C [2]. CVI SiC matrix composites were
considered to be a solution to overcome the above shortcoming of carbon/carbon composites
for long service life at high temperature in oxidative environments. The feasibility of CVI
SiC matrix composites was established in 1977 by Christin et al. [12-14] and confirmed
independently by Fitzer in 1978 [15]. CVI of porous carbon substrates was investigated first
from 1975 to 1979. CVI SiC/SiC composites reinforced by SiC fibers were manufactured
in 1980.

The CVI SiC/SiC composites exhibit good mechanical properties at high temperatures.
However, their fatigue behavior at high temperatures may be limited by the oxidation of the
pyrocarbon interphase coating on the fibers. In order to protect the PyC interphase against
oxidation, CVI SiC/SiC composites with multilayered matrices have been developed (CVI
SiC/Si-B-C composites) [16]. Such multilayered matrices contain phases which produce
sealants at high temperatures causing healing of the cracks and preventing oxygen from
reaching the interphase [17].

4. PROCESSING
Manufacture of CVI SiC/SiC composites requires three main steps:

(i) preparation of a fibrous preform
(ii) infiltration of an interface material
(iii) infiltration of the SiC matrix.

4.1. Fibrous preform

The preforms of CVI SiC/SiC composites are made of refractory SiC based fibers.
The fibers exhibit high strength, high stiffness, low density and high thermal and chemical
stability to withstand long exposure at high temperatures. Finally fiber diameter must be
small (<20 pm) so that the fibers can be woven easily.

The fiber preforms may consist of:

(i) a simple stack of unidirectional fiber layers or of fabrics (1D or 2D preforms)
(ii) a multidirectional fiber architecture (3D preforms). Weaving in four or five direc-
tions can also be used.
(iii) a quasi-isotropic felt.

The 2D layers are stacked and kept together using a tool or using fibers in the orthogonal
direction (3D preforms).
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4.2. Coating of fibers

An interface material is deposited on the fibers. This acts as a debond layer between
the fiber and the matrix. This interlayer consists essentially of Pyrocarbon, Boron Nitride or
a multilayer ((PyC/SiC)n or (BN/SiC) n sequences). The gas precursor is CH, for carbon,
BCl; and NH; for boron nitride. Multilayered interphases may be deposited via pulsed CVIL.

4.3. Infiltration of the SiC matrix

The coated preform is densified with a silicon carbide matrix via CVI. The gaseous
precursor is methylchlorosilane (MTS). When the CVI process is carried out isothermally
(I-CVI), surface pores tend to close, restricting the gas flow to the interior of the preform.
This phenomenon requires an intermediate operation of surface machining to obtain an
adequate density. The CVI parameters (i.e. total pressure, temperature and gas flow rate)
have to be selected according to the preform geometry defined by the pore spectrum and
the thickness, the number of preforms present in the chamber and the size of the chamber.
Finally several coating systems can be applied to these composites via CVD to provide
environmental and oxidation protection.

5. CVIPROCESSES

The basic chemistry of making a coating and a matrix by CVI is the same as that
of depositing a ceramic on a substrate by CVD. The reactions consist in cracking of a
hydrocarbon for deposition of carbon, cracking of methylchlorosilane for deposition of
SiC. In the I-CVI process (Isobaric Isothermal CVI) the preform is kept in a uniformly
heated chamber (figure 1). The gaseous precursors flow through the fibrous preforms. The
deposition chamber (figure 1) is open at both ends. The preform is heated by a furnace.
Temperature and pressure are relatively low (<1200°C, <0.5 atm).

The gas species are conveyed through the porous preform mainly by diffusion. The
driving force is the concentration gradient between the interior and the surface ofthe preform,
which reduces the densification rate. When CVI conditions that shorten the densification
time are selected non uniform deposition of the matrix is enhanced. Intermediate cycles of
surface machining are thus required to open the pores that have been sealed. A few alternative
CVI techniques have been proposed to increase the infiltration rate [11]. These techniques
require more complicated CVI chambers, and are not appropriate to the production of large
or complex shapes, or large quantities of pieces.

The forced CVI (F-CVI) technique was proposed in the mid 1980s [18]. The precursor
gas is forced through the bottom surface of the preform under a pressure P, and the exhaust
gases are pumped from the opposite face under a pressure P, < P;. The fibrous preform is
heated from the top surface and sides, and cooled from the bottom (cold) surface. The F-CVI
technique has been used essentially to manufacture 2D preforms made of carbon or silicon
carbide based fibers. The densification times are significantly lower than those of I-CVI
(1024 h for a SiC matrix, a few hours for carbon), and the conversion efficiency of the
precursor is relatively high. However the technique is not appropriate for complex shapes.
Only one preform per run can be processed and complex graphite fixtures are required to
generate the temperature and pressure gradients.
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1 - Manometer 9 - R.F. coil

2 - Shut-off valve 10 - Infiltration chamber
3 - Mass flowmeter 11 - Fibrous preform

4 - Ball flowmeter 12 - Thermocouple

5 - Adjusting valve 13 - Liquid nitrogen trap
6 - Drying oven 14 - Pressure controller

7 - Watercooled chamber 15 - Pressure sensor

8 - Graphite susceptor 16 - Rotary vacuum pump

FIGURE 1. An I-CVI reactor for the processing of SiC and/or C matrix composites

In order to overcome the above limitations of the F-CVI technique, alternative tech-
niques using thermal gradients or pressure gradients have been examined for several years
[11]. In the thermal gradient process, the core of the fibrous preform is heated in a cold wall
reactor. The heat loss by radiation is favorable to get a colder temperature in the external
surface. The densification front advances progressively from the internal hot zone toward
the cold side of the preform. In the P-CVI process, the source gases are introduced during
short pulses [11]. The P-CVI process is appropriate to the deposition of thin films.

6. PROPERTIES

The development of CVI SiC/SiC composites was inspired by the poor oxidation
resistance of CVI C/C composites. The CVI SiC/SiC composites are less sensitive to
oxidation than their ancestor C/C composites.
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TABLE 2. Mechanical and thermophysical properties of 2D SiC/SiC composites
reinforced with 0/90 balanced Nicalon™ fabrics (after [2, 26]).

Temperature
Property 23°C 1000°C 1400°C
Fiber content (%) 40 40 40
Specific gravity 2.5 2.5 25
Porosity (%) 10 10 10
Tensile strength (MPa) 200 200 150
Strain-to-failure (%) 0.3 0.4 0.5
Young’s modulus (GPa) 230 200 170
Poisson’s ratio
V12 0.5
Vi3 0.18
Flexural strength (MPa) 300 400 280
In-plane compressive strength (MPa) 580 480 300
Thru-the-thickness compressive strength (MPa) 420 380 250
Interlaminar shear strength (MPa) 40 35 25
In-plane thermal diffusivity (1073 m?/s) 12 5 5
Thru-the-thickness thermal diffusivity (1075 m?/s) 6 2 2
In-plane coefficient of thermal expansion (1076 /°K) 3 3
Thru-the-thickness coefficient of thermal expansion {10_6,"°K) 1.7 34
Fracture toughness (MPa./m) 30 30 30
Specific heat (J/kg°K) 620 1200
Total emissivity 0.8 0.8 0.8
In-plane thermal conductivity (Wm™! °K~1) 19.0 15.2
Thru-the-thickness thermal conductivity (Wm™! °K~1) 9.5 5.7

The CVI SiC matrix also possesses the superior properties of ceramics over metals:

— high strength at high temperature
— low density
— good resistance to oxidation.

Finally, the CVI SiC/SiC composites provide a solution to overcome the inherent limitations
of monolithic SiC for thermostructural service conditions, in terms of:

toughness

resistance to thermal shock
impact resistance
reliability.

Table 2 gives mechanical and thermophysical properties of 2D CVI SiC/SiC compos-
ites. Certain properties may be influenced by various factors including the reinforcing
fiber architecture, the SiC fibers used, matrix properties, the fiber/matrix bond strength,
etc ... For instance, high tensile strengths (up to 400 MPa) can be obtained with
Hi-Nicalon™ SiC fibers [19], or with rather strong interfaces [17,20]. Larger strains-to-
failure (up to 1%) can also be observed [20]. Further details are discussed in subsequent
sections. Data on CVI SiC/Si-B-C composites and enhanced CVI SiC/SiC composites are



CHEMICAL VAPOR INFILTRATED SiC/SiC COMPOSITES

TABLE 3. Mechanical properties of a CVI SiC/Si-B-C
composite with a self healing matrix and a multilayer
reinforcement of Hi-Nicalon™ fibers (after [3]).

Temperature

Property Room Temperature 1200°C
Density 23
Porosity (%) 13
Tensile strength (MPa) 315
Strain-to-failure (%) 0.5
Young’s modulus (GPa) 220
Interlaminar shear

strength (MPa) 31 23
Flexural strength (MPa) 699 620
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reported in tables 3 and 4. The mechanical behavior at room and at high temperature deserves
a special attention. CVI SiC/SiC composites exhibit some features that are addressed in the

following section.

7. MECHANICAL BEHAVIOR

7.1. Tensile stress-strain behavior

The typical stress-strain curves for 2D CVI SiC/SiC composites shown in figure 2,
summarize trends in the mechanical behavior. This composite behaves linearly to a strain of
about 0.03%, and then it exhibits a curved domain of non-linear stress-strain relations. The
curved domain of deformation results essentially from transverse cracking in the matrix (the
cracks are perpendicular to fibers in the loading direction). Saturation of matrix damage is
indicated by the end of the curved domain. Then the linear portion of the curve reflects the

TABLE 4. Mechanical properties of 2D CVI enhanced
SiC/SiC composite reinforced with 0/90 five harness
satin fabrics of Hi-Nicalon™ fibers (source: Power
Systems Composites data sheet).

Temperature

Property 23°C 1200°C
Fiber content (%) 35

Density 2.2

Porosity (%) 10

Tensile strength (MPa) 324 259
Strain-to-failure (%) 0.74 0.50
Young’s modulus (GPa) 207 212
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FIGURE 2. Typical tensile stress-strain behaviors measured on 2-D SiC/SiC composites possessing PyC based in-
terphases and fabricated from untreated or treated Nicalon (ceramic grade) fibers: (a) strong fiber/coating interfaces
and (b) weak fiber/coating interfaces.

deformation of the fibers. Fiber failures may occur prior to ultimate failure. This mechanical
behavior is essentially damage sensitive.

A damage sensitive stress-strain behavior is obtained when the load carrying contribu-
tion of the matrix is significant. The elastic modulus of the matrix (Ey,) is not negligible
when compared to that of fiber (Ef) and it contributes significantly to the composite one
(E.), as illustrated by the following mixtures law:

Ec = EnVm + Er Vs €

Where Vy, is the volume fraction of matrix, and Vi is the volume fraction of fibers ori-
ented in the loading direction in a 2D woven composite. By contrast, a damage insensitive
stress-strain behavior is observed when the elastic modulus of the matrix is negligible
with respect to that of fibers. As a result, the load carrying contribution of the matrix is
negligible.

In 2D CVI SiC/SiC composites En, (=410 GPa) > E¢ (=200 GPa). The 2D SiC/SiC
composites exhibit an elastic damageable behavior (figure 3). This means that the response of
the damaged material is elastic as indicated by the linear portion of the curves on reloading.
Figure 4 shows the dependence of elastic modulus on damage.



CHEMICAL VAPOR INFILTRATED SiC/SiC COMPOSITES

BT ]
300F L ]

: 5 . ]

250 7~ 3

o C i
& 200f B
f
& F ]
w - .
100F ]

3 o 8x30 b

oy o 16x120 :
B g B il ks Eor

0 0,2 04 06 038 1

Strain (%)

FIGURE 3. Stress-strain curves in tension of 2D SiC/SiC composites test specimens. The open and filled symbols

represent ultimate failure data point obtained with the specimens of volumes Vj and V3.

7.2. Damage mechanisms

The basic damage phenomena in unidirectional composites involve multiple microc-
racks or cracks that form in the matrix, perpendicular to the loading direction, and that are
arrested by the fibers and deflected at the interface between the fiber and the matrix. In
the composites reinforced with fabrics of fiber bundles, matrix damage is influenced by the
microstructure [21]. The microstructure of 2D CVI SiC/SiC is heterogeneous, as a result
of the presence of woven infiltrated tows, large pores (referred to as macropores) located
between the plies or at yarn intersections within the plies and a uniform layer of matrix over
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FIGURE 4. Relative elastic modulus versus applied strain during tensile tests on various 2D woven SiC/SiC
composites reinforced with treated fibers: (A) Nicalon/(PyC20/SiCs0)10/SiC, (D) Nicalon/PyCoo/SiC, (F) Hi-

Nicalon/PyC00/SiC, (G) Hi-Nicalon/(PyCy0/SiCs0)10/SiC.
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longitudinal tow
macropore transversal tow

FIGURE 5. Micrograph showing the microstructure of a 2D CVI SiC/SiC composite.

the fiber preform (referred to as the intertow matrix) (figure 5). Much smaller pores are also
present within the tows.

Damage in 2D CVI SiC/SiC consists essentially in the formation of transverse cracks
in the matrix and their deviation either by the tows (first and second steps) or by the fibers
within the tows (third step). The steps in matrix cracking (figure 6) depend on applied
deformations and microstructure:

Longitudinal strain = 0.06 %

Longitudinal strain = 0.6 % Longitudinal strain = (0.8 %

FIGURE 6. Schematic diagram showing matrix cracking in a 2D SiC/SiC composite during a tensile test.
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Step 1: cracks initiate at macropores where stress concentrations exist (deformations
between 0.025% and 0.12%).

Step 2: cracks form in the transverse yarns and in the interply matrix (deformations
between 0.12% and 0.2%).

Step 3: transverse microcracks initiate in the longitudinal tows (deformations larger
than 0.2%). These microcracks are confined within the longitudinal tows. They do
not propagate in the rest of the composite. The matrix in the longitudinal tows
experiences a fragmentation process and the crack spacing decreases as the load
increases.

The resulting decreases in Young’s modulus illustrate the importance of damage in the
mechanical behavior (figure 4). The major modulus loss (70%) is caused by both the first
families of cracks located on the outside of the longitudinal tows (deformations <0.2%).
By contrast, the microcracks within the longitudinal tows are responsible for only a 10%
loss. The big modulus loss reflects important changes in the load sharing: the load becomes
carried essentially by the matrix infiltrated longitudinal tows (tow overloading). During
microcracking in the longitudinal tows, the load sharing is affected further, and the load
becomes carried essentially by the fibers within the tows (fiber overloading). The elastic
modulus reaches a minimum described by the following equation (figure 4):

Enin = 5 EeVe @
where V¢ is the volume fraction of fibers. Equation (2) implies that the matrix contribution
is negligible. At this stage matrix damage and debonding are complete (saturation). The
fibers only are loaded. The mechanical behavior is controlled by the fiber tows oriented in
the direction of loading.

7.3. Ultimate failure

Ultimate failure generally occurs after completion of matrix cracking (saturation). The
fibers break under loads close to the maximum. Matrix damage and ultimate failure thus
appear to be successive phenomena.

The ultimate failure of a tow of parallel fibers involves two steps:

— a first step of stable failure, and
— a second step of unstable failure.

During the first step, fibers fail individually as the load increases. In the absence of
fiber interactions, the load is carried by the surviving fibers only (equal load sharing). The
ultimate failure of the tow (second step) occurs when the surviving fibers cannot tolerate
the load increment resulting from a fiber failure. At this stage, a critical number of fibers
have been broken.

The ultimate failure of matrix infiltrated tows also involves a two step mechanism and
a global load sharing when a fiber fails. In the presence of multiple cracks across the matrix
and associated interfacial debond, the load carrying capacity of the matrix is tremendously
reduced or annihilated. The matrix infiltrated tows can be assimilated to bundles of fibers
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FIGURE 7. Strength density functions for SiC fibers (NLM 202), SiC fiber tows, SiC/SiC (1D) minicomposites
and 2D SiC/SiC composites.

subject to the specific stress field induced by the presence of multiple cracks across the
matrix. The ultimate failure of a matrix infiltrated tow occurs when a critical number of
fibers have failed. This mechanism also operates in infiltrated tows within textile CVI
SiC/SiC composites. The ultimate failure of the composite is caused by the failure of a
critical number of broken tows (>1).

It is worth pointing out that the failure mechanism of CVI SiC/SiC composites is at
variance with that observed in polymer matrix impregnated tows, where a local load sharing
occurs when a fiber fails. In these composites, the fibers fail first. Therefore, the uncracked
matrix is able to transfer the loads.

7.4. Reliability

The ultimate failure of CVI SiC/SiC composites is highly influenced by stochastic
features. Since fibers are brittle, they are highly sensitive to the presence of flaws (stress
concentrators), that are distributed randomly. As a consequence, the strength data exhibit a
significant scatter, as illustrated by figure 7 [21,22]. Figure 7 shows that the strength mag-
nitude and the strength interval decrease when considering successively single fibers, tows,
matrix infiltrated tows and textile composites. As a result of the previously mentioned two
step failure mechanism, the ultimate failure of an entity becomes dictated by the lowest
extreme of the constituent strength distribution, i.e. the fiber strength distribution for the
failure of tows and infiltrated tows, and the infiltrated tow strength distribution for the failure
of 2D composites. These extremes correspond respectively to the critical number of individ-
ual fiber breaks (=17% for the SiC Nicalon™ fibers and for the SiC Hi-Nicalon™ fibers)
and to the critical number of tow failures (>1). The gap between tows and SiC infiltrated
tows results from strength determination: the critical number of individual fiber breaks was
taken into account for tow strength determination, whereas the total cross sectional area of
specimens was used for determination of strengths of infiltrated tows and composites.

The successive steps involved in damage truncate the flaw populations which leads to
a final homogeneous population of flaws [22]: the contribution of the pre-existing flaws
in ultimate fracture is reduced as multiple matrix cracking and individual fiber breaks
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FIGURE 8. Scale effects in 2D woven SiC/SiC composites. Influence of specimen dimensions on ultimate failure
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occur. This influences the trends in the mechanical behavior. The tensile stress-strain
curves obtained on a batch of several CVI SiC/SiC test specimens coincide quite well
(figure 5), whereas the strength data exhibit a certain scatter (figure 5). This scatter is lim-
ited (figure 8). Dependence of composite strength on the stressed volume is not significant
(figure 8). Furthermore, dependence on the loading conditions is not so large (figure 9):
for instance the flexural strength is 1.15 times as large as the tensile strength [22,23] when
measured on specimens having comparable sizes (figure 9).

The Weibull model cannot describe the volume dependence of strength data [22],
although a Weibull modulus (m) can be extracted from the statistical distribution of strengths:
m is in the range 20-29. This value provides an evaluation of the scatter in strength data.
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FIGURE 9. Strength distributions for 2D woven SiC/SiC composites tested under various loading conditions:
tension, 3-point bending and 4-point bending [28].
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TABLE 5. Interfacial shear stresses (MPa) measured using various methods on 2D SiC/SiC
composites with PyC based fiber coatings and reinforced with either as-received or treated
fibers [25,36-39]

Tensile tests Tensile tests Push-out

SiC/C/SiC Crack Crack  (hysteresis (curved (curved  Push-out tests

SiC/C/SiC)n/SiC  Interphase  spacing spacing loops) domain) domain) (plateau)

untreated fibers

2D woven PyC (0.1) 12 8 0.7

microcomposites ~ PyC (0.1) 3 4-20

minicomposites PyC (0.1) 21-115 40-80

2D woven PyC (0.5) 4 14-16 12-10
(PyC/SiC), 2 31 19.3
(PyC/SiC)4 9 28 12.5

treated fibers

2D woven PyC (0.1) 203 140 190 165-273
PyC (0.5) 370 100-105
(PyC/SiC), 150 133
(PyC/SiC)q 90 90

7.5. Interface properties — influence on the mechanical behavior

The fiber-matrix interfacial domain is a critical part of composites because load transfers
from the matrix to the fiber and vice-versa occur through the interface. Most authors promote
the concept of weak interfaces to increase fracture toughness. The major contribution to
toughness is attributed to crack bridging and fiber pull-out. Weak interfaces are detrimental
to composite strength. A high strength requires efficient load transfers from fibers to the
matrix. This is obtained with strong interfaces. This implies short debond cracks and/or
significant sliding friction. These latter requirements, to be met for strong composites, are
therefore incompatible with the former ones for tough composites, if toughening is based
solely upon the above mentioned weak interface-based mechanisms.

Fiber/matrix interfaces exert a profound influence on the mechanical behavior and
the lifetime of composites. Efforts have been directed towards optimization of interface
properties. Fiber matrix interfaces in CVI SiC/SiC composites consist of a thin coating
layer (less than 1 pm thick) of one or several materials deposited on the fiber (interphase).
CVI SiC/SiC composites with rather strong interfaces have been obtained using fibers that
have been treated in order to increase the fiber/coating bond [20,24]. The concept of strong
interfaces has been established on CVI SiC/SiC composites with PyC and multilayered
(PyC/SiC), fiber coatings. Less interesting results have been achieved with BN interphases
[25]. Table 5 gives various values of the interfacial shear stresses measured using various
methods on CVI SiC/SiC composites with PyC-based fiber coatings. It can be noticed that
the interfacial shear stresses range between 1020 MPa for the weak interfaces whereas
they are larger than 100-300 MPa for the strong interfaces.

In the presence of weak fiber/coating bonds, the matrix cracks generate a single long
debond at the surface of fibers (adhesive failure type, figure 10). The associated interface
shear stresses are low, and load transfers through the debonded interfaces are poor. The matrix
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(a)

(b)

FIGURE 10. Schematic diagram showing crack deflection when the fiber coating/interface is strong (a) or
weak (b).

is subjected to low stresses and the volume of matrix that may experience further cracking is
reduced by the presence of long debonds. Matrix cracking is not favored. The crack spacing
distance at saturation as well as the pull out length tend to be rather long (>100 pwm).
Toughening results essentially from sliding friction along the debonds. However, as a result
of matrix unloading, the fibers carry most ofthe load, which reduces the composite strength.
The corresponding tensile stress-strain curve exhibits a narrow curved domain limited by a
stress at matrix saturation which is distinct of ultimate strength (figure 2).

In the presence of stronger fiber/coating bonds, the matrix cracks are deflected within
the coating (cohesive failure type, figure 10), into short and branched multiple cracks.
Short debonds as well as improved load transfers allow further cracking of the matrix via
a scale effect leading to a higher density of matrix cracks (which are slightly opened).
Sliding friction within the coating as well as multiple cracking of the matrix increase energy
absorption, leading to toughening. Limited debonding and improved load transfers reduce
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the load carried by the fibers, leading to strengthening. The associated tensile stress strain
curve exhibits a wide curved domain and the stress at matrix cracking saturation is close to
ultimate failure (figure 2).

7.6. Fracture toughness

The CVI SiC/SiC composites develop a network of matrix cracks under load. Density
of matrix cracks is enhanced by rather strong interfaces: the crack spacing distance may be
as small as 10-20 wm whereas the crack spacing distance is at least 10 times larger in the
presence of rather weak interfaces. Matrix cracking is an alternative mechanism of energy
dissipation.

A process zone of diffused microcracking within the matrix is generated at notch tip
or at the tip of a preexisting main macroscopic crack. Extension of the main macroscopic
crack results from the random failures of fiber bundles located within the process zone.
Fracture toughness thus measures the ability of the microcracked composite to resist to
ultimate failure from the macroscopic crack [20]. Due to the presence of a more or less
large process zone of microcracks, at the tip of a jagged macroscopic crack, toughness
cannot refer to an equivalent crack length, and conventional concepts of fracture mechanics
are not appropriate (stress intensity factor) or cannot be easily determined (strain energy
release rate, J integral). Although the validity of stress intensity factor concept to mea-
sure fracture toughness is questionable, this is an interesting characteristic for comparing
CVI SiC/SiC composites to other materials. Fracture toughness values on the order of
30 MPa ./m have been measured on SENB test specimens [2,26]. Strain energy release
rate values ranging from 3 to 8 kJ/m? have been determined on CVI SiC/SiC composites
respectively with weak or strong interfaces [20]. The corresponding values of J-integral
ranged from 11 kJ/m? (weak interfaces) to 29 kJ/m? (strong interfaces) [20]. These values
are quite high. The above mentioned stress intensity factors are maintained up to at least
1400°C [2].

7.7. Fatigue behavior

During cyclic fatigue at room temperature, matrix damage appears during the first
cycles. Fatigue resistance is governed by damage of fibers and fiber/matrix bonds. Two
different fatigue behavior have been observed: after 1000 cycles, either elastic modulus
remains constant and the specimen is running out, or modulus decreases until specimen’s
ultimate failure [27]. Modulus decreases reflect either wear at the fiber/matrix debonded
interface [27] or progressive debonding. No failures are generally observed after 10° cycles
under stresses smaller than 100 MPa, under tension-tension fatigue.

At high temperatures, additional phenomena contribute to the extension of matrix dam-
age and debond. Oxidation and creep are involved.

7.8. Thermal shock

CVI SiC/SiC composites have been tested in thermal shock with excellent result [2,28].
CVI SiC/SiC generally had good strength retention after thermal shock cycles involving
heating up to the desired temperature and then cooling down in water at 20° C.
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7.9. High temperature behavior

Non-oxide CMCs are susceptible to degradation by oxidation embrittlement that op-
erates at intermediate temperatures, between 500 and 900°C. This is referred to as “pest
phenomenon” by a few authors. The matrix cracks created upon loading become pathways
for the ingress of oxygen into the material. The pyrocarbon interphase is consumed (oxygen
reacts to form gaseous products) and the SiC fibers are degraded by oxidation.

The fatigue resistance of CVI SiC/SiC is governed by damage of fibers and fiber/matrix
bonds. Oxidation-induced degradation of fiber/matrix bonds enhances extension of the
matrix cracks generated upon the first loading cycle. This contributes to reducing the fatigue
lifetime. In order to protect the PyC interphase against oxidation, multiple coating concepts
have been explored and multilayered interphases and matrices have been developed [16].
Such multilayered matrices contain phases which produce sealants at high temperatures,
causing healing of the cracks and preventing oxygen from reaching the cracks and the
interphases [2,17,29]. Lifetime is also improved with oxidation resistant interphases such
as BN or multilayers [30].

7.10. Creep behavior

CVI SiC/SiC and CVI SiC/Si-B-C composites exhibit primary creep only, even during
long tests (figures 11 and 12) [31]. Creep of ceramic matrix composites involves local
stress transfers depending on the respective creep rates of the fiber and the matrix. Such
stress transfers may lead to fiber failures or matrix cracking and debonding and sliding
at the interfaces. When the matrix is elastic and creep resistant, fiber creep induces stress
transfers from the fibers onto the matrix that may cause matrix cracking. This creep induced
matrix damage has been observed on CVI SiC/SiC composites [32-34]. In CVI SiC/SiC
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FIGURE 11. Creep rate curves for a damage strain gp = 0.8% and for various applied constant stresses for the
SiC/Si-B-C composite, and under 450 MPa at 1200°C in argon for a Nicalon NL 202 fiber.
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FIGURE 12. Creep rate curves for the SiC/SiC composite under a constant stress of 150 MPa (gy = 0.14
and g = 0.22%) at 1200°C.

composites, the SiC matrix is far more creep resistant than the SiC fibers, which creep at
1100°C [32,35]. The creep behavior of CVI SiC/SiC composites with a multilayered matrix
(SiC/Si-B-C) is caused by creep of the Nicalon SiC fibers, whatever the extent of initial
damage created upon loading (figure 11) [35]. The Si-B-C matrix is less creep resistant and
stiff than the SiC matrix.

SUMMARY AND CONCLUDING REMARKS

The CVI process is very flexible and can produce the widest range of chemistries, shapes
and dimensions. Properties of CVI SiC/SiC composites have been related to microscopic
and macroscopic behaviors. These composites form an interesting class of materials with
typical properties that can be improved via microstructure modification or interphase and
matrix engineering. In CVI SiC/SiC the matrix is stiffer than the fibers. This characteristic
has important consequences on the mechanical behavior and mechanical properties.

The CVI SiC/SiC composites consist of a combination of ceramic materials. However,
they are damage tolerant, tough, strong and quite reliable high temperature materials. They
can be employed under service conditions involving loads, high temperatures and aggressive
environments, in the aerospace as well as in the non aerospace fields.
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ABSTRACT

The successful replacement of metal alloys by ceramic matrix composites (CMC) in
high-temperature engine components will require the development of constituent materials
and processes that can provide CMC systems with enhanced thermal capability along with
the key thermostructural properties required for long-term component service. This chapter
presents information concerning processes and properties for five silicon carbide (SiC)
fiber-reinforced SiC matrix composite systems recently developed by NASA that can operate
under mechanical loading and oxidizing conditions for hundreds ofhours at 1204,1315, and
1427°C, temperatures well above current metal capability. This advanced capability stems
in large part from specific NASA-developed processes that significantly improve the creep-
rupture and environmental resistance of the SiC fiber as well as the thermal conductivity,
creep resistance, and intrinsic thermal stability of the SiC matrices.

1. INTRODUCTION
As structural materials for high-temperature components in advanced engines for power

and propulsion, fiber-reinforced ceramic matrix composites (CMC) offer a variety of perfor-
mance advantages over the best metallic alloys with current structural capability to ~ 1100°C.
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These advantages are primarily based on the CMC being capable of displaying higher tem-
perature capability, lower density (~30-50% metal density), and sufficient toughness for
damage tolerance and prevention of catastrophic failure. These properties should in turn
result in many important benefits for advanced engines, such as reduced cooling air require-
ments, simpler component design, reduced weight of support structure, improved fuel effi-
ciency, reduced emissions, longer service life, and higher thrust. However, the successful
application of CMC will depend strongly on designing and processing the CMC microstruc-
tural constituents so that they can synergistically provide the total CMC system with the
key thermostructural properties required by the components. The objectives of this chapter
are first to discuss in a general manner these property requirements for typical hot-section
engine components, and then to show how in recent years advanced CMC constituent mate-
rials and processes have been developed by NASA for fabricating various silicon carbide
(SiC) fiber-reinforced SiC-matrix (SiC/SiC) composite systems with increasing temperature
capability from ~1200°C to over 1400°C.

2. APPLICATIONS

Much initial progress in identifying the proper CMC constituent materials and pro-
cesses to achieve the performance requirements of hot-section components in advanced gas
turbine engines was made under the former NASA Enabling Propulsion Materials (EPM)
Program, which had as one of its primary goals the development of an advanced CMC
combustor liner for a future high speed civil transport (HSCT) [1]. This progress cen-
tered on the development of a SiC/SiC CMC system that addresses many of the general
performance needs of combustor liners that are required to operate for many hundreds
of hours at an upper use temperature of ~1200°C. In 1999, the NASA EPM Program
was terminated due to cancellation of HSCT research. Subsequently the new NASA
Ultra Efficient Engine Technologies (UEET) Program was initiated to explore advanced
technologies for a variety of low-emission civilian engine systems, including building
on NASA EPM success to develop 1315°C SiC/SiC composite systems for potentially
hotter components, such as inlet turbine vanes [2]. For hot-section components in space-
propulsion engines, the NASA Next Generation Launch Technology (NGLT) program is
currently developing SiC/SiC systems with even higher temperature capability since here
the primary thermal source is the oxidative combustion of hydrogen fuel rather than jet
fuel [3].

Because quantitative property requirements for the various components are engine-
specific and often engine company sensitive, the general objective at NASA for all these
component development programs has been to develop CMC systems that achieve the
upper use temperature goals for hundreds of hours while still displaying, to as high a
degree as possible, the key thermo-structural properties needed by a typical hot-section
component. To accomplish this objective, a variety of factors had to be optimized within
the CMC microstructure, including fiber type, fiber architecture, fiber coating (interphases),
and matrix constituents. In order to facilitate this process, NASA selected a short list of
first-order property goals that a high-temperature CMC system must display for engine
applications. These are listed in the first column of Table 1, which also indicates the technical
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TABLE 1. Key CMC Property Goals, Controlling Factors, and Demonstration Tests for

CMC Capability

Key CMC Property Goals CMC Demonstration Test (Typically

(Importance for CMC engine Key Controlling Constituent conducted on specimens from thin

component) Factors CMC panels)

High tensile Proportional Limit Matrix Porosity, Fiber Content  Tensile stress-strain behavior in fiber
Stress (PLS) after CMC direction of as-fabricated CMC at
processing (allows high CMC 20°C and upper use temperature in
design stress and high air
environmental resistance)

High Ultimate Tensile Strength Fiber Strength, Fiber Content Tensile stress-strain behavior in fiber
{UTS) and strain after CMC direction of as- fabricated CMC at
processing (allows good CMC 20°C and upper use temperature in
toughness and long life after air
matrix cracking in aggressive
environments)

High UTS retention after interphase Fiber Coating Composition Tensile stress-strain behavior after
exposure at intermediate burner rig exposure near 800°C;
temperatures in wet oxygen Rupture behavior of cracked CMC
(allows CMC toughness retention near 800°C in air
when exposed, uncracked or
cracked, to combustion gases)

High creep resistance at upper use Matrix Creep, Fiber Creep Creep behavior in air at upper use
temperature under high tensile ternperature under a constant
stress (allows long life, tensile stress ~60% of matrix
dimensional control, low residual cracking stress
CMC stress)

Long Rupture life (>500 hours) at Matrix Rupture, Fiber-Rupture ~ Rupture life in air at upper use
upper use temperature under high temperature under constant tensile
tensile stress (allows long-term stress ~60% of matrix cracking
CMC component service) stress

High thermal conductivity at all Fiber-Coating-Matrix Thermal conductivity from 20°C to
service temperatures (reduces Conductivity, Matrix upper use temperature
thermal stresses due to thermal Porosity

gradients and thermal shock)

importance of each property goal for a general hot-section CMC component. These goals
were specifically selected to address key performance issues for structural CMC in general
and for SiC/SiC composites in particular.

Thus for example, it is important that the CMC system display as high a proportional
limit stress as possible at all potential service temperatures. This is important for design
based on elastic mechanical behavior and for component life since the PLS is closely related
to the matrix cracking strength. Therefore, high PLS values will allow the component to
carry high combinations of mechanical, thermal, and aerodynamic tensile stresses without
cracking. However, unexpectedly higher stress combinations may arise during component
service that can locally crack the matrix, thereby causing immediate CMC failure ifthe fibers
are not strong enough or sufficient in volume content to sustain the total stress on the CMC.
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In addition, after matrix cracking, CMC failure could occur in undesirably short periods of
time if the interphase coating and the fibers were allowed to be degraded by the component
service environment as it enters into the CMC through the matrix cracks. For the SiC/SiC
components, this attack can be especially serious at intermediate temperatures (~800°C)
where oxygen in the engine combustion gases can reach the fibers before being sealed off by
slow-growing silica on the matrix crack surfaces. Oxygen primarily attacks the SiC fibers
by forming a performance-degrading silica layer on the fiber surfaces, causing fiber-fiber
and fiber-matrix bonding. Even a small amount of bonding can eliminate the ability of each
fiber to act independently. The detrimental consequence is that if one fiber should fracture,
it will cause immediate fracture of other fibers to which it is bonded, thereby causing CMC
fracture or rupture at undesirably low stresses and short times.

Also shown in Table 1 are (1) those key constituent factors that CMC theory and
practice indicate are the primary elements controlling the various property goals, and (2)
the laboratory tests typically employed at NASA to demonstrate CMC system capability
for meeting each property goal. For convenience and generality, these tests were usually
conducted on specimens machined from thin flat panels fabricated at commercial vendors
with the selected CMC constituent materials and processes. NASA’s primary objective
was not to perform exhaustive testing, but only to use the test results to show directions
for advanced CMC systems. As a result, the property databases presented here for the
various CMC systems are necessarily limited. It is assumed that by examining the first-level
property data, engine designers will be able to select the CMC systems that best meet their
component performance requirements, and then initiate with a commercial vendor more
extensive efforts for CMC system and component evaluation.

Although not discussed here, NASA has also shown that oxide-based environmental
barrier coatings (EBC) need to be applied to the hot surfaces of Si-based (SiC, SizNy,
SiC/SiC) components in order to realize long-term service in high temperature combustion
environments [4]. Under these wet oxidizing conditions, growing silica on the CMC surface
reacts with water to form volatile species, giving rise to paralinear oxidation kinetics and a
gas velocity-dependent recession of the Si-based materials [S]. For example, for a lean-burn
situation with combustion gases at 10 atm and 90 m/sec velocity, SiC materials are predicted
to recess ~250 and 500 pm after 1000 hrs at material temperatures of 2200°F (1204°C)
and 2400°F (1315°C), respectively.

3. PROCESSING

Table 2 lists some key constituent material and process data for five SiC fiber-reinforced
CMC systems recently developed at NASA. For convenience, these systems have been
labeled by the prefix N for NASA, followed by their approximate upper temperature capa-
bility in degrees Fahrenheit divided by 100; that is, N22, N24, and N26, with suffix letters
A, B, and C to indicate their generation. Also shown in Table 2 are the primary organiza-
tions where the different process steps were performed to fabricate each CMC system into
a test panel. However, it should be noted that these steps have also been performed at other
organizations, resulting in test panels with equivalent properties.

The baseline processing route selected for fabricating the five CMC systems and demon-
strating their performance against the Table 1 property goals is shown schematically in
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TABLE 2. Key Constituent Material and Process Data for NASA-developed CMC Systems

CMC System N22 N24-A N24-B N24-C N26-A
Upper Use 2200°F 2400°F 2400°F 2400°F 2600°F
Temperature  (1204°C) (1315°C) (1315°C)) (1315°C) (1427°C)
Fiber Type Sylramic Sylramic-iBN
(Dow Corning) (Dow Corning + N) — — —
Interphase CVI Si-doped — CVI Si-doped — —-
Coating BN (GEPSC) BN outside
debond
(GEPSC + N)
Matrix CVISIC-low — — CVI SiC — medium  CVI SiC - medium
content content (GEPSC + content (GEPSC)
(GEPSC) N)
SiC slurry — — PIP SiC (Polymer
infiltration Infiltrate and
(GEPSC) Pyrolysis
(Starfire + N)
Silicon melt o — Silicon melt
infiltration infiltration (N)
(GEPSC)

* N = NASA processing.

Fig. 1. As indicated, it involves (1) selecting a high-strength small-diameter SiC fiber
type that is commercially available as multi-fiber tows on spools, (2) textile-forming the
tows into architectural preforms required by the CMC component or CMC test panel,
(3) using conventional chemical vapor infiltration (CVI) methods to deposit thin crack-
deflecting interfacial coatings on the fiber surfaces, and (4) over-coating the interfacial
coatings with a CVI SiC matrix to a controlled thickness, weight gain, or volume content.

Preform

Porous CVI SiC-coated

Textile Forming
Into Preform with
Component Shape

R

Reactor

FIGURE 1. Baseline processing route for the NASA CMC systems.
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Besides providing environment protection to the interfacial coating, the CVI SiC matrix
functions as a strong, creep-resistant, and thermally conductive CMC constituent. However
its deposition is not taken to completion because this would trap pores between tows in
the fiber architecture, thereby not allowing maximum matrix contribution to the thermal
conductivity of the composite system. Depending on the intended CMC upper use tem-
perature, the remaining open porosity in the CVI SiC matrix is then filled with ceramic-
based and/or metallic-based materials. Although the filler material in the “hybrid” SiC
matrix could serve a variety of functions, its composition and content are typically selected
in order to achieve as high a CMC thermal conductivity and as low a CMC porosity as
possible.

In general, the baseline processing route of Fig. 1 provides a significant amount of flex-
ibility, particularly in regard to the four key steps involving selection of (1) SiC fiber type,
(2) interfacial coating composition, (3) remaining open porosity in the CVI SiC matrix,
and (4) infiltration approach(es) to fill this porosity and form the hybrid matrix. As will
be discussed in the following, this flexibility was indeed needed in order to optimize the
microstructure of the CMC systems in terms of temperature capability and thermostruc-
tural properties. Another advantage of this processing route is that it could be used with
any textile-formed 2D or 3D architectural preform, which is especially advantageous for
fabricating complex-shaped CMC components. In addition, this route can be practiced by
any of the many current CMC fabricators who have the capability for interphase and SiC
matrix formation by CVI.

3.1. N22 CMC System

During development ofthe N22 CMC system (~1997), the only commercially available
small-diameter ceramic fiber types with sufficient high-temperature capability were the
Sylramic SiC fiber from Dow Corning and the carbon-rich Hi-Nicalon SiC fiber from
Nippon Carbon. However, in comparison to the Sylramic fiber, the non-stoichiometry, low
process temperature, and carbon-rich surface of the Hi-Nicalon fiber resulted in reduced
thermal conductivity, thermal stability, creep resistance, and environmental durability, both
for individual fibers [6] and their composites. Thus the selected fiber type for the N22 system
was the Sylramic SiC fiber, which is no longer produced by Dow Corning, but by ATK COI
Ceramics. This fiber type is fabricated by the polymer route in which precursor fibers based
on polycarbosilane are spun into multi-fiber tows and then cured, pyrolyzed, and sintered at
high temperature (>1700°C) using boron-containing sintering aids. The sintering process
results in very strong fibers (>3 GPa) that are dense, oxygen-free, near stoichiometric, and
contain ~ 1 and ~3 weight % ofboron and TiB,, respectively. To provide enhanced handling
and weaving capability, the Sylramic tows were coated by Dow Corning with a polymer-
derived Sizing A, which tended to separate contacting fibers in textile-formed preforms.
This fiber spreading process typically resulted in better CMC thermostructural properties,
such as elastic modulus, ultimate tensile strength (UTS), and rupture strength at intermediate
and high temperatures.

For the interfacial coating composition, CVI-produced silicon-doped BN as deposited
by GE Power Systems Composites (GEPSC) (formally Honeywell Advanced Compos-
ites) was selected because BN not only displays sufficient compliance for matrix crack
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deflection around the fibers, but also because it is more oxidatively resistant than traditional
carbon-based coatings. When doped with silicon, the BN showed little loss in compliance,
but an improvement in its resistance to moisture, which is an advantage during removal of
the preforms from the CVI BN reactor into ambient air and their subsequent transportation
to the CVI SiC matrix reactor.

For the N22 CMC system, remaining open porosity in the CVI SiC matrix was filled
by room-temperature infiltration of SiC particulate or slurry casting, followed by the melt-
infiltration (MI) of silicon metal near 1400°C. This yielded a final composite with ~2%
closed porosity within the fiber tows and ~0% porosity between the tows. The final com-
posite system (often referred to as a slurry-cast MI composite) typically displayed a thermal
conductivity about double that of a full CVI SiC composite system in which the CVI
matrix process was carried to completion. Also the composite did not require an oxidation-
protective over-coating to seal open porosity. Decreasing the porosity of the hybrid matrix
also increased the N22 CMC elastic modulus, which in turn contributed to a high pro-
portional limit stress. However, since the filler contained some low-modulus silicon, the
modulus increase was not as great as if the filler were completely dense SiC.

3.2. N24-A CMC System

When the property data for the N22 CMC system were analyzed using composite theory
and microstructural analysis, certain issues were identified with the fiber, interphase coating,
and matrix that indicated that more modifications of these constituents were needed in order
to achieve CMC systems for 2400°F (1315°C) components. For example, despite displaying
enhanced properties in comparison to other ceramic fiber types, issues related to certain
factors existing in the bulk and on the surface of the as-produced Sylramic fiber were found
to limit its thermostructural performance, both as individual fibers [6] and as textile-formed
architectural preforms for SiC/SiC composites. Most importantly, excess boron in the fiber
bulk was typically located on the fiber grain boundaries, thereby inhibiting the fiber from
displaying the optimum in creep resistance, rupture resistance, and thermal conductivity
associated with its grain size. Also in the presence of oxygen-containing environments
during composite fabrication or service, boron on the fiber surface had the potential of
promoting detrimental silica-based (SiO,) glass formation that would bond neighboring
fibers together and yield as-produced composites with degraded ultimate tensile strength.
This mechanical interaction issue was further compounded by a high surface roughness of
the Sylramic fiber, which was related to its grain size and ultimately to its high production
temperature [6]. In addition, although Sizing A helped in reducing the roughness issue,
during preform warm-up to the temperatures for deposition of the BN interfacial coating,
it decomposed and left a continuous carbon-rich char on the fiber surface, which was then
trapped under the BN coating. It was found that this continuous carbon layer extended to
the composite surface along the 90° tows; so that upon exposure to flowing combustion gas,
oxygen was able to enter the CMC microstructure, volatilize the carbon layer throughout
the system, and silica-bond the fibers together [7].

For the N24-A system, these issues surrounding the as-produced Sylramic fiber and its
sizing were first overcome by using Sylramic fibers with an alternate Sizing B that yielded
much less carbon char than Sizing A. In addition, NASA developed a thermal treatment in
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FIGURE 2. SEM micrographs showing that in contrast to the Sylramic N22 CMC system, the in-situ grown BN
layer on the Sylramic-iBN fiberis advantageous for physically separating oxidation-prone SiC fiber surfaces within
multi-fiber tows in the N24 and N26 systems.

a controlled nitrogen environment that allowed mobile boron sintering aids in the Sylramic
fiber to diffuse out ofthe fiber and to form a thin in-situ grown BN layer on each fiber surface
[8]. Removing boron from the fiber bulk significantly improved fiber creep, rupture, and
oxidation resistance, while the in-situ BN provided a buffer layer that inhibited detrimental
chemical attack from inadvertent oxygen and also reduced detrimental mechanical interac-
tions between contacting fibers. The Scanning Electron Microscopy (SEM) photos in Fig. 2
show that this latter mechanism is indeed a key concern for the as-produced Sylramic fibers
in the N22 CMC system, since textile forming oftows typically forces direct contact between
neigboring fibers (dark rings are CVI BN interphase coatings). However, as also shown in
Fig. 2, this issue is less likely with the Sylramic-iBN fibers in the N24-A system, where
direct contact between SiC fiber surfaces cannot be observed due to the thin (~150 nm)
in-situ BN layer that completely surrounds each fiber (dark rings contain both CVI BN and
in-situ BN coatings). As will be shown in the Properties section, this in-situ BN layer allows
the N24-A CMC system to display enhanced behavior, not only for upper use temperature
capability, but also for all key fiber-controlled CMC properties. Thus besides providing SiC
fibers with improved performance, another advantage of the NASA fiber thermal treatment
was the formation of an in-situ grown BN-based fiber coating, which in effect allows the
improved fiber properties to be better retained in textile-formed fiber architectures and CMC
structures.
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3.3. N24-B CMC System

With development of the high performance Sylramic-iBN SiC fiber, the N24-A system
showed improvements in practically all the Table 1 properties. Of particular importance
in terms of enhanced CMC reliability was an improvement in environmental durability
at intermediate temperatures by elimination of the carbon char from Sizing A and by the
insertion of an in-situ grown BN surface layer between contacting SiC fibers. As suggested
by Fig. 2b, the in-situ grown BN layer delayed SiC-SiC fiber bonding by simply providing
an oxidation resistant physical barrier between fibers whenever the fiber tows were exposed
to oxygen either during CMC fabrication or during matrix cracking.

Another NASA-developed approach that further improves CMC durability is the basis
for the next generation 2400°F CMC system, N24-B. This approach, which is often referred
to as “outside debonding”, allows the Si-doped BN interphase coating to remain on the
fibers during matrix cracking, thereby providing additional environmental protection to the
fibers [9]. It is accomplished in a proprietary manner by creating simple constituent and
process conditions during composite fabrication that assure that the CVI BN interphase
coating is already “outside debonded” from the CVI SiC matrix in the as-fabricated CMC.
Even though the interphase coating is attached to the fiber and debonded from the matrix,
load transfer between the fibers and matrix is still maintained due to the complex-shaped
fiber architectures that allowed the interphases to mechanically slide against the matrix
during the application of stress. Figs. 3a and 3b compare, respectively, typical fracture
surfaces of the N24-A CMC with an “inside debonding” BN interphase coating and the
N24-B with an “outside debonding” BN interphase. In comparison to multi-layer concepts
for interphase coatings, this outside debonding approach avoids the fabrication of complex
interphase compositions and structures, does notrely on uncertain microstructural conditions
for matrix crack deflection outside of the interphase, and provides a more reliable approach
for retention of the total interphase on the fiber surface. In addition, this approach also
reduces CMC elastic modulus and increases CMC ultimate fracture strain, which can be
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beneficial, respectively, for reducing thermal stresses within the CMC and increasing its
damage tolerance. Thus the N24-B CMC system is more environmentally durable, more
damage tolerant, and potentially more resistant to thermal gradients than the N24-A system.
However, as a result of “outside debonding, the N24-B system displays a slightly lower
thermal conductivity than N24-A.

3.4. N24-C CMC System

Besides improving the fiber and interphase coating for the N24 system, NASA also
sought to minimize property limitations associated with the as-produced CVI SiC matrix.
These matrix limitations relate to the fact that for best infiltration into the textile-formed
fiber tows, the CVI SiC matrix deposition process is typically conducted at temperatures
below 1100°C, which is below the application temperatures where the CMC systems will
have their greatest practical benefits. Under these processing conditions, although the SiC
matrix is fairly dense, its microstructure contains meta-stable atomic defects and is non-
stoichiometric due to a small amount of excess silicon. These defects can exist at the matrix
grain boundaries where they act as scatterers for thermal phonons and enhance matrix
creep by grain-boundary sliding, thereby allowing the matrix and CMC to display less than
optimal thermal conductivity and creep-resistance. NASA determined that by using thermal
treatments above 1600°C on the CVI SiC-coated preforms prior to the N24 process steps
of slurry casting and melt infiltration, excess silicon and process-related defects in the CVI
SiC matrix could be removed, yielding the N24-C CMC system with significantly improved
creep resistance and thermal conductivity [10]. To maximize these benefits as well as the
CMLC life, the CVI SiC content of the N24-C preform is increased over that typically used in
the N24-A and N24-B systems, but only to the point of avoiding significant trapped porosity.
The N24-C preform is then thermally treated in argon, and remaining porosity is filled by the
melt infiltration of silicon. As indicated in Table 2, the increase in CVI SiC content for the
N24-C CMC system also allows elimination of the slurry infiltration step and its associated
production costs.

As shown in Fig. 4, the Sylramic-iBN fiber is the only high-strength SiC fiber type
that allows preforms with low CVI SiC content (~20 vol.%) to survive thermal exposure in
argon above 1600°C with no loss in ultimate tensile strength of the preform. For the other
fiber types in Fig. 4, part of their strength loss could be intrinsic caused by non-optimized
tnicrostructures or lower production temperatures [6], and part could be extrinsic caused
by fiber attack from inadvertent excess oxygen in the CVI BN fiber coating or from the
excess silicon that diffuses out of the CVI SiC matrix during thermal treatment. Since it
is well known that BN produced at high temperatures is resistant to oxygen and molten
silicon, the better performance of the Sylramic-iBN fiber in Fig. 4 might be expected given
its higher production temperature and its in-situ grown BN layer. However, at the higher
CVI SiC content used for the N24-C CMC system, thermal exposure resulted in a CMC
strength loss of up to 30%. This effect was presumably due to an increase in excess silicon
with increasing CVI SiC content, and thus more likelihood of silicon attack of the Sylramic-
iBN fiber through the in-situ grown BN layer. In addition, during the high-temperature
preform treatment, the BN interphase coating, which was deposited below 1000°C (1830°F),
densified and contracted between the fiber and matrix. This in turn caused an automatic
“outside debonding” of the BN interphase coating from the matrix, as evidenced by a
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FIGURE 4. Average ultimate tensile strength (UTS) retained at room temperature for various 2D preform panels
fabricated by the baseline processing route of Fig. 1 and subjected to 100-hr exposures at high temperatures in
argon.

reduced CMC modulus of the final CMC. Thus the N24-C CMC system is more creep
resistant, more intrinsically stable, and more thermally conductive than the N24-B system,
but at the expense of a lower ultimate strength.

3.5. N26-A CMC System

As described above, small quantities of excess silicon (<1 vol.%) in the as-produced
CVI SiC matrix are able to cause a limited attack ofthe SiC fibers during the high-temperature
processing of the N24-C system. The degrading effect of excess silicon from the melt
infiltration step was also observed for the N24 CMC systems when they were evaluated for
long-term use at potential service temperatures of 2600°F (1427°C) and higher. However
in this case, the attack was much more serious and caused primarily by the much greater
silicon content (~15 vol.%) introduced by the MI step. The SEM micrograph of Fig. 5
shows an example of this attack for a N24-A CMC system that was thermally exposed at
2552°F (1400°C) in argon for 100 hours under zero stress [11]. It can be seen that silicon
from the melt-infiltration step was able to diffuse through the grain boundaries of the CVI
SiC matrix, attack the BN coatings and SiC fibers, and severely degrade composite strength.
The higher CVI SiC content of the N24-C CMC system helps to slow down this attack [11],
but not enough to use this system for over 1000 hours at 2400°F or over 100 hours at 2600°F
[12].

To address the temperature issues related to excess silicon, all the same constituents in
the N24-C system are used for potential N26 CMC generations, but remaining open pores
in the CVI SiC matrix are filled by silicon-free ceramics, rather than by melt infiltration
of silicon. In particular, for the N26-A CMC system, a SiC-yielding polymer from Starfire
Inc. [13] is infiltrated into the matrix porosity at room temperature and then pyrolyzed at
temperatures up to 2912°F (1600°C). This polymer infiltration and pyrolysis (PIP) process
was repeated a few times until composite porosity was reduced to ~14 vol.%. At this point,
the total CMC system is then thermally treated at NASA to improve its thermal conductivity
and creep-resistance. Thus although more porous than the other CMC systems, the N26-A
system has no free silicon in the matrix, thereby allowing long-time structural use at 2600°F
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FIGURE 5. SEM micrograph showing degradation ofthe SiC fiber and BN interphase coating after 100-hr thermal
exposure of the N24-A CMC system in argon under zero stress at 2552°F (1400°C). Degradation is due to diffusion
through the CVI SiC matrix of the silicon from the melt-infiltration step of the N22 and N24 CMC systems.

(1427°C) and higher. Research is on-going at NASA to develop further generations of the
N26-A system where porosity is significantly reduced, so that CMC thermal conductivity
can be enhanced beyond the matrix annealing step.

4. PROPERTIES

Based on the property goals of Table 1 and the constituent-process data of Table 2, this
section presents key physical and mechanical property data for the five high-temperature
CMC systems described above. Composite materials for obtaining these data were fabricated
as follows. Sylramic SiC fiber tows were woven into 2D orthogonal fabric with equal
tow ends per cm in the 0° (warp) and 90° (fill) directions. The fabric was cut into eight
150 x 230 mm pieces or plies, which were then stacked in a balanced manner to form a
thin rectangular-shaped architectural preform. For the N22 system, the stacked plies were
then provided directly to GEPSC for BN interphase and partial CVI SiC matrix processing
as described in Fig. 1. For the N24 and N26 systems, the stacked plies were converted to
Sylramic-iBN fibers at NASA prior to sending to GEPSC. After final matrix processing
as described above for the five systems, the stacked fabric preforms were converted into
flat CMC test panels with approximate dimensions of 2 x 150 x 230 mm and with total
fiber content between 32 and 40 vol.%. It should be noted that a variety of potential CMC
engine components, such as combustor liners and shrouds [1, 14], are also being made by
the laminate or fabric stacking approach, so that the panel property data presented here can
be directly used to understand the performance of these components.

For standard measurements of stress-strain and creep-rupture behavior (ASTM C 1337-
96), 150 mm long dog-boned shaped tensile specimens with gauge sections of ~10 mm
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FIGURE 6. Typical linear thermal expansion curves in the axial and transverse directions for the N22 and N24
CMC systems panels fabricated with the silicon melt-infiltration step. Also shown for comparison is the best fit
curve for monolithic SiC with the B-phase [16].

width x 25 mm length were machined from each CMC system panel. Each tensile specimen
had halfofthe total fiber fraction aligned along the 150 mm test direction. Composite thermal
conductivity was calculated from specimen density data and temperature-dependent data
for specimen thermal diffusivity and specific heat. Thermal diffusivity was measured by the
thermal flash method in the transverse or through-thickness direction of the test panels. On
an absolute basis, the transverse conductivity for a given CMC system was always less than
its axial or in-plane conductivity due to the low-conductivity BN interphase.

Table 3 lists some of the important physical properties of the five NASA-developed
CMC systems as determined from the as-fabricated test panels. The system densities could
be modeled by a simple rule-of-mixtures based on constituent volume fractions and densities
[15]. All the panels contained an average of ~36 vol.% fiber and ~8 vol.% Si-doped BN,
which is thick enough for tough composite behavior, but thin enough for CVI SiC matrix
penetration into the fiber tows. As the temperature capability requirement increased, the CVI
SiC matrix content increased from ~23 vol.% to ~35 vol.% to take advantage ofthe silicon-
protective nature, creep-resistance, and thermal conductivity of the CVI SiC composition.
For the first four systems, the MI silicon content remained at ~ 15 vol.% to derive the benefits
of'its thermal conductivity and pore-filling capability, but was removed completely from the
N26-A system to allow the long lives needed at the higher upper use temperature. Since all
the systems contained up to ~70 vol.% ofhigh-density 3-phase SiC grains in the fiber and
matrix, their linear thermal expansion behavior was found to be essentially equivalent to that
of dense monolithic B-phase SiC. Fig. 6 compares the axial and transverse expansion for the
N22 and N24 panels against that of B-phase SiC, which can be described fairly accurately
by the following relationship [16]:

A (%) =T[2.62 x 107*1+ T2 [2.314 x 1077] — T> [0.518 x 1079 1)

where A is linear thermal expansion strain and T is in degrees Celsius. The CMC showed a
slight deviation from B-phase SiC above 1300°C, which is a characteristic of SiC materials
that contain a small amount of free silicon [17]. It should be noted that Eq. 1 is not only
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TABLE 3. Typical Physical Properties for NASA-developed CMC Systems as 2D Test Panels

Property \ CMC System N22 N24-A N24-B N24-C N26-A
Upper Use Temperature 2200°F 2400°F 2400°F 2400°F 2600°F
(1204°C)  (1315°C) (1315°C) (1315°C) (1427°C)
Density, gm/cc 2.85 2.85 2.85 2.76 2.52
Constituent Content, ~Vol.%
SiC Fiber (3.05 gm/cc) 36 36 36 36 36
Si-BN Interphase (1.5 gm/cc) 8 8 8 8 8
CVI 5iC (3.2 gm/cc) 23 23 23 35 35
SiC particulate (3.2 gm/cc) 18 18 18 0 6
Silicon (2.35 gm/cc) 13 13 13 18 0
Porosity 2 2 2 2 14
Thermal Linear Expansion, % T[2.62 x 1074 + T2 [2.314 x 1077] — T3 [0.518 x 10~'0] (T =°C)

Transverse Thermal

Conductivity, W/m.C
204°C (400°F) 24 30 27 41 26
1204°C (2200°F) 15 14 10 17 10

useful for determining CMC linear expansion strain, but also for deriving CMC coefficients
of thermal expansion (CTE) at various temperatures.

Typical transverse thermal conductivity data for the CMC panels are listed in Table 3 at
204 and 1204°C, and displayed as a function of temperature in Fig. 7. As with monolithic
SiC materials [18], the conductivity values increase up to ~200°C and then decrease mono-
tonically with temperature with an approximate inverse temperature dependence. Although
both are technically important, transverse rather than in-plane conductivity is generally the
first-level property of concern for design of CMC components. This is the case because
the components will typically be cooled through their thin wall sections and because the
transverse conductivity is typically lower in value, and thus a conservative estimate of mate-
rial capability. It is affected strongly by matrix composition and porosity, which not only
includes the small open and closed pores formed during the matrix infiltration processing
steps, but also the long linear pores which are effectively created by poorly conductive
interphase coatings on the SiC fibers. The interphase conductivity is dependent both on
its composition and its effective contact with the fiber and matrix. Thus wide variation
in CMC conductivity is to be expected and has been observed, but qualitative trends are
observable. For example, Fig. 7 shows that by changing from the Hi-Nicalon Type S fiber to
the Sylramic fiber (N22 system) to the Sylramic-iBN fiber (N24-A system), the transverse
conductivities of the Si-containing CMC systems were measurably increased. This reflects
on the intrinsic conductivity values for the various fiber types [6], and on the ability of the
Si-doped BN interphase coating to provide some degree of thermal transport into the fibers.
However, as indicated in Table 3, for the N24-B CMC system with an “outside debond-
ing” interphase, a penalty is paid in thermal conductivity due to reduced interphase-matrix
contact. This loss was more than recovered when the CVI SiC matrix of the Si-containing
N24-C system was annealed. However, another conductivity penalty was taken for the N26-
A system when silicon was eliminated and replaced by a hybrid SiC matrix with high

porosity.
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FIGURE 7. Typical transverse thermal conductivity curves for thin panels with CMC systems N22, N24-A, and
N24-C. Effect of fiber conductivity is shown by curve for the N22 system with the lower conductivity Hi-Nicalon
Type-S fiber type.

Regarding CMC mechanical properties, typical in-plane tensile stress-strain curves at
room temperature are shown in Figs. 8 and 9 for the various CMC panels in their as-
fabricated condition. Fig. 8 compares the first three systems with inside debonding (N22,
N24-A) and with outside debonding (N24-B); whereas Fig. 9 compares the last two systems
with annealed matrices and a higher degree of outside debonding (N24-C, N26-A). Using
similar curves for multiple test specimens both at room temperature and at their upper use
temperature (UUT), Table 4 lists average data for such key mechanical properties as initial
elastic modulus, proportional limit stress, ultimate tensile strength, and ultimate tensile
strain. It should be noted that since the panels had a range of total fiber content from
32 to 40 vol.%, the data in Table 4 and in the figures, unless otherwise noted, represent
average results measured or estimated for a fiber content of ~36 vol.% total fiber content
(~18 vol.% in the tensile test direction). It should also be noted that elastic moduli of the
various systems are reduced at their UUT, but are not presented in Table 4 because due to
CMC creep they are dependent on testing stress-rate.

As predicted by CMC theory, some of the Table 4 properties will change significantly
with fiber content and test direction. Nevertheless, for the selected fiber content and panel
test conditions, qualitative trends can be observed in the as-fabricated CMC mechanical
properties at room temperature. For example, regarding elastic modulus, variations between
CMC systems can be correlated to the content of the high modulus CVI SiC matrix and
to the existence of matrix porosity and/or an outside debonding interphase, both of which
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FIGURE 8. Typical room-temperature tensile stress-strain curves for the inside-debonding N22 and N24-A CMC
systems, and the outside-debonding N24-B CMC system (total fiber content ~40 vol.%).

will decrease matrix modulus. The role of outside debonding in reducing matrix modulus
is related to the fact that the 90° tows are load-bearing elements within the matrix for CMC
loads applied in the 0° test direction. Therefore, when contact between the interphase and
matrix is reduced by debonding, loads on 90° tows are reduced, effectively introducing new
porosity into the matrix. Regarding CMC proportional limit stress, although the underlying
mechanisms are quite complex [19], a very crude rule-of-thumb for 2D 0/90 panels is
that the first deviation from stress-strain linearity occurs at approximately ~0.07%, so that
CMC PLS values are approximately proportional to CMC moduli. Regarding CMC ultimate
strength, which can be considered to be directly controlled by the in-situ fiber strength, all the
Sylramic-iBN fiber systems that were not annealed displayed the highest value of ~450 MPa.

400

300

200 1

100

Stress, MPa

1 T

0 0.1 0.2 0.3 0.4 0.5
Strain,%

FIGURE 9. Typical room-temperature tensile stress-strain curves for the annealed Sylramic-iBN CMC systems
N24-C and N26-A (total fiber content ~34 vol.%).



TABLE 4. Average Mechanical Properties for NASA-developed CMC Systems (2D 0/90 Test Panels with ~36 vol.% Total Fiber Content

Property* '\ CMC System N22 N24-A N24-B N24-C N26-A
Upper Use Temperature 2200°F (1204°C) 2400°F (1315°C)) 2600°F (1427°C)
AS-FABRICATED AT 20°C

Initial Elastic Modulus, GPa 250 250 210 220 200
Proportional Limit Stress, MPa 180 180 170 160 130
Ultimate Tensile Strength, MPa 400 450 450 310 330
Ultimate Tensile Strain ~(.35% ~0.50% ~(.55% ~(.30% ~0.40%
Interfacial Shear Strength, MPa ~T70 ~T70 ~T7 T =7

AT 800°C

Ultimate Tensile Strength Retention after 100-hr burner rig 60% 100% 100%

Rupture Strength, 100 hr, air, MPa 200 200 240

AT OR NEAR UPPER USE TEMPERATURE

(Test Temperature) 2200°F (1204°C) 2400°F (1315°C) 2642°F (1450°C)
Proportional Limit Stress, MPa 170 170 160 150 120
Ultimate Tensile Strength, MPa 320 380 380 260 280

Creep Strain, 103 MPa, 500 hr, air, ~).4% ~0.4% ~0.4% 0.2%

Creep Strain, 69 MPa, 500 hr, air, 0.15% 0.15% 0.12% ~0.3%
Rupture Life, 103 MPa, air ~500 hrs ~500 hrs ~500 hrs >1000 hrs

Rupture Life, 69 MPa, air =300 hrs

* Mechanical properties measured in-plane in the 0° direction with a directional fiber content of 18 vol.%.
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As discussed earlier, this effect can in large part be attributed to the protective nature of the
in-situ grown BN layer on this fiber type since the as-produced strength of the Sylramic-
iBN fiber is lower than its precursor Sylramic fiber [6], which was used in the N22 panel.
However, at the higher CVI SiC matrix content of the N24-C and N26-A systems, there
was enough excess silicon in the CVI product to cause fiber attack and UTS degradation
even for the Sylramic-iBN fiber. Finally, regarding CMC ultimate strain, the systems with
the highest UTS and greatest degree of outside debonding displayed the highest values. The
debonding effect can be related to a lower interfacial shear strength (also listed in Table 4),
which allowed greater crack openings and greater strain to develop in the CMC. For a
given UTS, outside debonding can increase failure strain by as much as 0.2% over inside
debonding.

As indicated in Table 1, a key property need for any SiC fiber-reinforced CMC system
is the ability to retain to as high a degree as possible its as-fabricated properties under
intermediate and high temperature service conditions. At intermediate temperatures, the
key issues are oxygen and moisture attack of the interphase coating that can occur on
surface-exposed 90° tows even under zero stress, or within the CMC by environmental
ingress along random matrix cracks that are being held open by applied CMC loads. To
evaluate the CMC systems against the first interphase issue, tensile test specimens from the
various panels were exposed to combustion gases in a low-pressure burner rig with the gauge
length held at a constant temperature near 800°C (1472°F) for ~ 100 hours [7]. Stress-strain
curves at room temperature for three CMC systems after the burner rig exposure are shown
in Fig. 10. Significant degradation in UTS was seen for the N22 systems with the Sylramic
and Hi-Nicalon Type-S fibers; while excellent UTS retention was seen for the Sylramic-
iBN N24-B system. As described earlier, this degradation can be attributed to the removal
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FIGURE 10. Typical room-temperature stress-strain curves for the N22 CMC system with Sylramic and Hi-
Nicalon Type-S fibers, and for the N24-B CMC system with Sylramic-iBN fibers before and after combustion gas
exposure of the systems in a low-pressure burner rig at ~800°C for ~100 hours. The fibers in the N22 systems
each had carbon on their surfaces before BN interphase deposition.
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FIGURE 11. Best-fit stress-rupture curves in air at 1500°F (815°C) comparing the inside-debonding N22 and
N24-A CMC systems and the outside-debonding N24-B CMC system (total fiber content ~40 vol.%).

of free carbon on the Sylramic fiber surface (char from Sizing A) and on the as-produced
Hi-Nicalon Type-S surface, and to the subsequent silica bonding of contacting fibers. The
fact that Fig. 10 shows no loss in UTS for the Sylramic-iBN CMC can be attributed in part
to the in-situ BN layer, which minimizes direct contact between SiC fibers, but primarily
to the non-detection of detrimental carbon at the interface between the fiber and BN. Thus
inadvertent free carbon on fiber surfaces must be avoided for CMC components within
combustion environments.

To evaluate the CMC systems against the second interphase issue, tensile test specimens
from the various CMC panels were subjected to stress-rupture testing in ambient air at
1500°F (815°C) at stresses above matrix cracking. Final CMC rupture typically occurred
when sufficient silica bonding existed between crack-bridging fibers so that when one fiber
ruptured due to time-dependent slow crack growth, it caused fracture of its neighbors and
the CMC [20]. Fig. 11 compares the rupture behavior for the inside debonding systems
N22 and N24-A against the first outside debonding system N24-B. Clearly the outside
debonding system shows enhanced behavior in that the CMC life is longer for a given
applied stress or that a higher stress can be applied to the CMC for a given CMC rupture
life. As suggested by Fig. 3 and discussed in the N24-B processing section, this enhanced
behavior is due to the Si-doped BN interphase remaining on the Sylramic-iBN fiber surface
after matrix cracking, thereby providing additional environmental protection. As shown by
Fig. 11, this extra protection enhances CMC life at short times by one or two orders of
magnitude, but then eventually loses its ability at longer times. Thus ifunpredictable matrix
cracking should occur at intermediate and high temperatures, the NASA-developed outside
debonding systems will increase CMC life and reliability.

The most important goal for each NASA-developed CMC system was to be able to
operate under potential component stress levels for long time at its selected upper use
temperature (UUT). To evaluate this capability, tensile test specimens from the various
CMC panels were subject to creep-rupture testing in ambient air at their goal UUT and
at stresses of ~60% of their room-temperature cracking stress. The primary performance
objective was to demonstrate greater than 500-hour life without specimen rupture. Since
high-temperature rupture of an initially uncracked CMC is typically controlled by CMC
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FIGURE 12. Typical total creep strain versus time behavior at 2400°F (1315°C) in air at an applied stress of 103
MPa for the N22 and the N24 CMC systems.

intrinsic creep behavior, another good performance indicator is the ability of a CMC system
to display high creep resistance at its UUT and to maintain its creep strain well below a
characteristic rupture strain within the 500-hour life goal [21]. For example, for test times
near 500 hour, the NASA CMC systems typically display a creep-rupture strain of ~0.4%
between 2200 and 2600°F, so that staying at or below this strain level after 500-hour testing
should demonstrate the desired performance. Thus, as indicated in Table 4, the N22 system
with the Sylramic fiber was able to reach this strain level within 500 hours for an applied
stress of 103 MPa at its UUT of 2200°F. However, Fig. 12 shows that under the same stress
at 2400°F, the N22 system had a life of only 100 hours, whereas the N24-A system with
the Sylramic-iBN fiber had a projected life of greater than 500 hours based on its steady
state creep rate. Fig. 12 also shows how annealing of the CVI SiC matrix provided the
N24-C system with a projected rupture life of over 1000 hours at 2400°F. However, due to
the silicon melt infiltration step for all the N24 CMC systems, these time and temperature
condition appear to be the upper limit use conditions based on displaying intrinsic ther-
mal stability under zero stress [12]. Finally, Fig. 13 shows the difference in creep-rupture
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FIGURE 13. Typical total creep strain versus time behavior at 2642°F (1450°C) in air at an applied stress of
69 MPa for the N24-A and N26-A CMC systems.
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behavior for a 69 MPa stress at 2642°F between the silicon-containing N24-A system and
the silicon-free N26-A system which displayed over 300 hour life capability under these
conditions.

5. SUMMARY AND CONCLUSIONS

By working closely with CMC vendors, NASA has been able to identify advanced
constituent materials and processes that have yielded various SiC fiber-reinforced SiC
matrix composite systems for high temperature structural applications in general and for
hot-section engine components in particular. Based on a performance goal of a 500-hour
service in air at a stress level of ~60% that for matrix cracking, these systems have
demonstrated upper use temperatures of 2200°F (1204°C), 2400°F (1315°F), and 2600°F
(1427°C), which are well above the current capability of the best metallic alloys. This
progression in temperature capability is related first to the development of the Sylramic-
iBN SiC fiber, then to the development of an annealing step for an improved CVI SiC
matrix in the baseline NASA processing route, and finally to the elimination of the sil-
icon melt infiltration step for filling pores in the SiC matrix. Advances in CMC envi-
ronmental durability were also made at NASA by use of in-situ grown BN fiber surface
layers, CVI-deposited Si-doped BN interphase coatings, carbon-free interfaces between
the fiber and BN, and processing approaches that cause the CVI BN interphase to remain
on the fiber and “outside” debond from the matrix during CMC cracking, thereby allow-
ing the interphase coating to provide extra environmental protection to the crack-bridging
fibers.

Although the processing information and property results presented here are limited,
they should be sufficient for component designers to select the CMC systems and pro-
cesses that best meet their component performance requirements, and then to initiate more
extensive efforts for system scale-up and component evaluation with a variety of commer-
cial CMC vendors. Although not yet demonstrated, it might be expected that as long as
environmental effects do not control the performance of these systems, a time-temperature
relationship should exist between projected component service life and CMC system upper
use temperature capability. For example, based on typical atomic diffusion in SiC materi-
als, rupture life for each CMC system should change by one order of magnitude for every
~180°F (100°C) difference between the component’s upper service temperature and the
system’s upper use temperature capability [12]. Thus the 2600°F system should be able to
perform for ~5000 hours at 2420°F, but only ~50 hours at 2780°F. Stress effects will also
have an influence CMC component life, but these should be evaluated for sub-elements of
the components on a case-by-case basis.
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ABSTRACT

Silicon melt infiltrated, SiC-based ceramic matrix composites (MI-CMCs) have been
developed for use in gas turbine engines. These materials are particularly suited to use in
gas turbines due to their low porosity, high thermal conductivity, low thermal expansion,
high toughness and high matrix cracking stress. Several variations of the overall fabrication
process for these materials are possible, but this paper will focus on “prepreg” and “slurry
cast” MI-CMCs with particular reference to applications in power generation gas turbines.
These composites have recently been commercialized under the name of HiPerComp™.

1. INTRODUCTION

GE, at its Global Research Center, GE Energy (through Power Systems Composites),
and GE Transportation (through Aircraft Engines) divisions, has been actively involved for
over 15 years in the development of silicon melt infiltrated ceramic matrix composites (MI-
CMCs) . These composites offer a unique combination of properties such as high temperature
strength, creep resistance, low porosity, low density, high thermal conductivity and low
thermal expansion that make them particularly suited for use in gas turbine engines. The
history of the development of MI-CMCs has been recently described [1]. An early version
of MI-CMC, which was initially developed using monofilament SiC fibers, went by the
name of “Toughened Silcomp” [2]. Extensive development of successive generations of
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FIGURE 1. Cut-away diagram of a GE 7FA-class (170 MW) industrial gas turbine engine showing the location
of several hot gas path components that are candidates for use of HyPerComp™ composites.

this material through the 1990’s, including the introduction of fine, tow-based SiC fibers,
has lead to the successful rig and engine testing of MI-CMC shroud and combustor liner
components [3—7]. Moreover, these materials are now commercially available, under the
name HiPerComp™, from GE Power Systems Composites.

2. APPLICATIONS

HiPerComp™ CMCs have been successfully used in several turbine hardware demon-
stration programs at GE and at Solar Turbines, Inc. At GE 1% and 2™ stage turbine shrouds
and combustor liners have been designed, built and tested using high-pressure combustion
rig apparatus or in actual turbine engines [4-7]. Most of these tests have been focused on
land-based engine applications, primarily for power generation. Figure 1 shows cross sec-
tion of a 7F class GE gas turbine (simple cycle power of 160—170 MW and combined cycle
power output of ~280 MW) and indicates the hot gas path parts for which HiPerComp™
CMCs are being considered. Current programs are developing these applications further,
and also investigating the use of HiPerComp™ CMCs as low-pressure turbine blades and
vanes in jet engines. Turbine demonstration programs at Solar have focused on application
of these materials for combustor liners of small industrial gas turbines [8].
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As with any new material, the current costs of HiPerComp™ CMCs are relatively
high because of the expensive raw materials, primarily the fiber, and poor economies
of scale. At least initially, gas turbine engines, both for power generation and aerospace
applications, are one of the few applications where the high cost can be justified in terms
of performance benefits [9]. However, as production volumes gradually increase and the
prices of the composites come down, various other industrial applications, which can take
advantage of the high thermal conductivity, damage tolerance and wear resistance of these
CMCs, are expected to develop [10]. Heat exchangers potentially fall into this category of
applications.

3. PROCESSING

For this article, the term “melt infiltrated ceramic matrix composite” (MI-CMC) will
refer only to continuous fiber composites whose matrices are formed by molten silicon (or
silicon alloy) infiltration into a porous SiC- and/or C-containing preform. GE holds numerous
patents on the composition and fabrication of these materials, only a few of which are listed
in reference 10. Such composites can be made from a variety of constituents and processes.
A detailed description of the material variations and processes is also given in reference 1,
so only an abbreviated description will be given here.

3.1. MI-CMC Constituents

The three major constituents of any continuous fiber ceramic matrix composite are the
reinforcing fibers, the matrix and a fiber-matrix interphase, usually included as a coating
on the fibers. HiPerComp™ composites can be processed with various monofilament and
multifilament fibers, such as the SCS family of monofilament SiC from Specialty Materials,
Inc.; CG-Nicalon™ and Hi-Nicalon Type S™ from Nippon Carbon Company; Tyranno
ZE™_ Tyranno ZMI™ and Tyranno SA™ from Ube Industries; and Sylramic™ fiber from
COI Ceramics. However, the composites described in this paper all utilize Hi-Nicalon™
SiC fiber from Nippon Carbon Company. A companion paper, in this book, by Jim DiCarlo
[11] from NASA gives the properties of slurry cast composites reinforced with Sylramic
and Sylramic-iBN fibers.

The matrix of HiPerComp™ composite consists primarily of SiC and Si. The coefficient
of thermal expansion (CTE) of Si and SiC differ only slightly, such that relatively wide ranges
of matrix composition are possible while still providing an adequate match to the CTE of
the SiC-based fibers. Typically the HiPerComp™ composites have residual silicon levels
of 5 to 15vol%.

As with most other ceramic composite systems, a coating is applied to the fibers to serve
as the fiber-matrix interphase. Such a fiber coating is necessary to prevent chemical attack
of the fibers during processing and to provide for a weak mechanical interface between
the fiber and matrix for enhanced toughness and graceful failure. The coating most widely
used is boron nitride (BN) applied by chemical vapor deposition (CVD). Unfortunately, BN
coatings can be degraded by contact with molten silicon during the melt infiltration process,
and consequently an over-coating of SiC or Si3Ny4 is commonly used to protect the BN layer.
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FIGURE 2. Schematic representation of the various methods for producing HiPerComp™ MI CMCs. The bold
black highlighted path represents the prepreg process and the highlighted bold gray path represents the slurry cast
process. (Reprinted by permission of ASME Press.)

For improved oxidation resistance of the interface, Si-doped BN is often substituted for all
or most of the BN interface layer [12].

3.2. The Fabrication Process

The overall preparation of MI composites involves three main steps: application of the
fiber coatings, forming a shaped, porous preform containing the fibers, and final densifica-
tion via silicon infiltration. Preform fabrication itself typically involves many process steps,
many of which are similar to those used for fabrication of polymeric, carbon-carbon or
other types of ceramic composites. There are a variety of specific process steps that can
be used in the production of the porous preform, and a variety of ways in which they can
be arranged in the overall process. GE practices two main overall processes for fabricating
HiPerComp™ composites, called the “prepreg” and “slurry cast” processes. The prepreg
process was developed by GE with funding support primarily from the United States Depart-
ment of Energy. The slurry cast process was developed by a team of companies, includ-
ing GE, United Technologies, Carborundum, Goodrich Aerospace and NASA, under the
NASA-sponsored High Speed Civil Transport program. Figure 2 shows aschematic of the
various processing routes that can be used to fabricate MI CMCs, with the prepreg and
slurry cast approaches highlighted.

In the prepreg process the SiC fiber tows are first coated with the BN-based fiber-
matrix interphase and protective Si3N4 overcoating using a proprietary CVD process, and
then formed into unidirectional prepreg sheets via wet drum winding. These prepreg sheets
are then laid-up and laminated to form the composite preform, similar to the lay-up of
carbon fiber/epoxy prepreg. The matrix of the composite at this stage consists of powders
(commercially available SiC and C) in a mixed polymer binder. During the binder burn-
out/pyrolysis step part of the polymer is converted to carbon, which maintains the preform
shape. Final densification is done by infiltrating this porous preform with a molten silicon
alloy, during which the silicon reacts with free C present in the preform to form a continuous
SiC phase in the matrix. The resulting composite consists of nominally 20-25 vol% fiber,
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FIGURE 3. Typical microstructure of prepreg HiPerComp™ MI-CMC material.

8-10 vol% fiber coatings, 70-63 vol% matrix and <2 vol% porosity. Typical microstructures
of prepreg HiPerComp™ are shown in Figure 3.

In the slurry cast process the fibers are first woven into 2D cloth and laid-up to form
the preform, or they can be 3D woven or braided directly into the preform shape. Carbon
tooling is then typically used during the first chemical vapor infiltration (CVI) step, where
the BN-based interphase coating is applied. The parts can then be removed from the tooling,
and are put through a second CVI step to deposit a SiC overcoat. Deposition of the SiC
layer is halted while the preform is still porous and a SiC slurry, which may or may not
contain an additional source of carbon, is slip-cast into the preform. Again, final densification
is accomplished via melt infiltration of a silicon alloy that fills in the remaining porosity
between the SiC particles introduced from the slurry. The finished slurry cast composite
consists of nominally 35 vol% fiber, 6 vol% fiber coating, 25 vol% CVD SiC, 16 vol% SiC
particulate from the slurry, 12 vol% Si alloy, and 6 vol% porosity. Most of the porosity ofthe
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FIGURE 4. Typical microstructure of slurry cast HiPerComp™ MI-CMC material.

slurry cast material is a result of “canning” of the fiber tows during the CVI steps, thereby
making it inaccessible to slurry and Si in the later process steps. Typical microstructures of
slurry cast HiPerComp™ are shown in Figure 4.

As will be discussed below, the prepreg process results in composites having compara-
ble tensile strength values as the slurry cast process, but with a much lower fiber loading. This
represents a potential cost advantage for the prepreg composites, as the fibers are, by far, the
highest cost raw material. There are two reasons why the prepreg system is able to better uti-
lize the strength of the fibers. First, in the prepreg system the fibers are all individually coated
during the tow-coating step, and thus all of the fibers act independently. In the slurry cast
system the fibers are held tight by the fiber weave during CVD coating, and thus the majority
of the fibers are in contact with other fibers. Consequently the fibers tend to fail as groups
during the fracture process rather than as individual fibers. The second reason is that the
fiber weave used in the slurry cast material necessarily introduces some misalignment of the
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fibers with the plane of the composite, thereby loading the crack-bridging fibers in both
tension and shear during the fracture process. The prepreg process utilizes unidirectional
tapes wherein the fibers can be more precisely aligned in the plane of the composite, and
thereby minimize shear loading of the fibers during fracture.

4. MATERIAL PROPERTIES

Thermal and mechanical properties of HiPerComp™ composites have been measured
at various stages during their development. Consequently the data presented here differs
somewhat from previously published data summaries [1] since the material system and
processing techniques have continued to evolve with time. The data presented here for
Prepreg HiPerComp™ was mostly measured as part of the DOE-sponsored Continuous
Fiber Ceramic Composites (CFCC) program on material fabricated in 2000 and 2001. Data
for the Slurry Cast HiPerComp™ material was measured in 2003. Please note that this data
is presented for informative purposes only, and should not be construed as, or used for,
engineering specifications.

Unless otherwise noted, all data presented for Prepreg HiPerComp™ is for 8-ply lam-
inates, with a balanced [0-90-90-0]s stacking of uniaxial plies, and nominally 22-25% by
volume of Hi-Nicalon™ fibers. Data for Slurry Cast HiPerComp™ is for 8-ply laminates
made with 0-90,8 harness satin weave cloth and a nominal volume fraction of Hi-Nicalon™
fiber of 33-38%. Measurement of in-plane properties were generally done in one of the pri-
mary fiber directions.

4.1. Thermal and Physical Properties
Some important thermal properties of Prepreg and Slurry Cast HiPerComp™, measured

at room temperature and at 1200°C, are listed in Table 1. Overall, the thermal properties

TABLE 1. Thermal Properties of HiPerComp™

Prepreg Slurry Cast

Property Units 25°C 1200°C 25°C 1200°C
Density g/em?® 2.80 (2.76) 2.70 (2.66)
Heat Capacity Jig-K 0.71 1.14 0.70 (1.2)
Thermal Diffusivity:

in-plane® mm?/s 16.1 4.7 - -

thru-thickness 11.7 38 13.7 4.2
Thermal Conductivity:

in-plane* W/m-K 338 14.7 (30.8) (14.8)

thru-thickness 247 11.7 22.5 1.8
Average CTE

in plane* (25-600°C) %x107%/°C 3.57 3.74

in plane* (25-1200°C) 373 4.34

thru thickness (25-600°C) 4,07 3.21

thru thickness (25-1200°C) 4.15 3.12

* Measured in one of the primary fiber directions. Property values in parentheses are engineering estimates.
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FIGURE 5. Thermal properties of prepreg and slurry cast HiPerComp™ composites with Hi-Nicalon fibers.

for the two types of HiPerComp™ are very similar, with the Prepreg variety having a
slightly higher thermal conductivity than the Slurry Cast variety. This difference is due
to the lower porosity level and lower content of fibers and BN fiber coatings, which have
lower thermal conductivity than the matrix, in the Prepreg material. Figure 5 shows the
temperature dependence of these properties in more detail.

4.2. Elastic Properties

The elastic properties of HiPerComp™ are summarized in Table 2. The elastic prop-
erties tend to be nearly transversely isotropic for balanced 0-90 lay-ups, and are identical
in tension and compression as long as one stays below the matrix cracking (~15 MPa
below the proportional limit) stress. These composites are somewhat unusual compared to
more traditional polymer matrix or carbon matrix composites in that the matrix modulus
(350 to 380 GPa) is actually greater than the modulus of the reinforcing fibers (typically
260-290 GPa). The fact that the composite modulus is lower than that of either the fiber
or the matrix reflects the influence of the highly compliant fiber coatings, particularly in
the thru-thickness (Es3) direction. The low modulus of the slurry cast composite compared

to the prepreg composite is also caused by the higher volume fractions of both fiber and
porosity in the slurry cast material.
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TABLE 2. Summary of the Elastic Properties of HiPerComp™ Composites.

Prepreg Slurry Cast

Property Units 25°C 1200°C 25°C 1200°C
Tensile Moduli

E.1| = Egg GPa 285 243 196 144

Eia 201 (171)
Poisson’s Ratio:

vi2 - 0.12 (0.12)

Vi3 = Vo3 0.24 (0.24)
Shear Moduli:

G2 GPa 14.5 (12.3)

Gz =Gn3 12.8 (10.9)

Property values in parentheses are engineering estimates.

4.3. Fracture Strength
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The in-plane tensile fracture response of HiPerComp™ materials are typically charac-
terized by a stress-strain curve as shown in Figure 6 when measured in a simple displacement-
controlled method. In general, the curve can be divided into four sections (shown by
the dotted lines in Figure 6), with the first section representing the simple linear elastic
loading of the composite. As the stress increases multiple matrix cracks are generated
in the composite and the fibers bridging the cracks are shear debonded from the matrix
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FIGURE 6. Typical in-plane tensile stress-strain behavior for a continuous fiber reinforced ceramic composite.



108 G.S. CORMAN AND K.L. LUTHRA

TABLE 3. Summary of the Fast Fracture Strength Properties of HiPerComp™ Composites.

Prepreg! Slurry Cast!
Property Units e i 1200°C 2576 1200°C
In-plane Proportional Limit Stress* Mpa 167 165 120 130
In-plane Ultimate Tensile Strength* Mpa 321 224* 358 271
In-plane Strain to Failure* % 0.89 0.31* 0.74 0.52
In-plane Compressive Strength® GPa 1.19 =0.70
Interlaminar Shear Strength MPa 135 124

Interlaminar Tensile Strength MPa 39.5 -

f Prepreg containing 22-24 vol% Hi-Nicalon™ fiber; Slurry Cast with 35-38 vol% Hi-Nicalon™ fiber
* Measured in one of the primary fiber directions.
# Higher values are obtained at higher strain rates.

(Section II). It is this matrix cracking and fiber-matrix debonding that are primarily respon-
sible for the “pseudoplastic” behavior and high toughness of these types of CMCs. Even-
tually the crack density saturates and the bridging fibers become completely debonded in
the regions between the matrix cracks, such that continued loading (Section III) represents
the elastic response of the bridging fibers. At still higher loads fiber fracture begins to occur
(section IV), which often leads to a slight leveling of the stress-strain curve just before
ultimate failure.

Some of the important fracture parameters that are determined from the stress-strain
curves are also illustrated in Figure 6, and include the initial modulus, proportional limit
stress, ultimate strength and strain to failure. It is often very difficult to determine unam-
biguously the stress at which the first matrix crack occurs, so the proportional limit stress,
i.e. the stress at which the strain deviates by 0.005% from linear loading, is more commonly
used to characterize this important stress level. All of the in-plane fracture data reported
here was measured at initial strain rates (prior to matrix cracking) between 3 x 10~5 and
10~* s~! unless otherwise noted.

Table 3 summarizes the in-plane tensile fracture behavior of prepreg and slurry cast
HiPerComp™ composites at 25° and 1200°C. The temperature dependence of the fracture
parameters is shown in more detail in Figure 7. It should be noted that there is a substantial
effect of strain rate on the measured strengths and strain to failure of the prepreg composite
material at high temperature. When measured at a higher strain rate of 0.002 s~! strain to
failure values increase by as much as 2X over the values at the normal strain rate. Strain
rate effects are not as pronounced for the slurry cast material. The cause of these varying
strain rate effects is under investigation.

4.4. Thermal Stability

Long-term thermal stability is a key requirement for application of CMCs to turbine
engines, particularly for power generation turbines where expected component lifetimes
range from 24,000 to 48,000 hours (3 to 6 years) of operation. Thermal stability of Prepreg
HiPerComp™ composites has been assessed by performing thermal exposure tests for times
up to 4000 hours in air, steam and high pressure combustion gas environments. The residual
room temperature tensile properties of Prepreg HiPerComp™ following exposure in air at
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FIGURE 8. Effect of thermal exposure in air at 1200°C on the RT tensile properties of Prepreg HiPerComp™
Composites. Error bars represent +/ — 1 standard deviation.

1200°C are shown in Figure 8. Fracture properties were found to be constant with exposure
to between 200 and 1000 hours, at which time gradual reductions in the modulus and ultimate
strength were observed. Both proportional limit stress and strain to failure values remained
relatively constant out to the 4000 hour limit of the test.

4.5. Fatigue and Creep Behavior

Turbine engines are very dynamic environments, with large vibrational loads from com-
bustion dynamics and pressure pulses caused by the rotating components. Consequently the
effective life of many turbine components is limited by the fatigue resistance of the current
metallic materials used. An understanding of the cyclic fatigue response of HiPerComp™
composites is therefore a prerequisite to their utilization in a gas turbine. Cyclic fatigue
behavior of the Prepreg HiPerComp™ composite system has been measured using sinu-
soidal tension-tension fatigue tests over a range of frequencies (0.33 Hz to 150 Hz) using a
load ratio (R-value) of 0.01 to 0.05. The results of these tests are shown in Figure 9.

When combined on a cycles-to-failure basis, as is done in Figure 9, the low and high
frequency tests give reasonably consistent trends, whereas if the data are combined on
a time-to-failure basis the agreement between low and high frequency tests is rather poor.
This suggests that the failure mechanism in these tests is indeed cyclic dependent rather than
simply time dependent, as might be expected of a simple thermal degradation mechanism.
Additional testing under more traditional high-cycle fatigue conditions, having a constant
applied stress with a superimposed cyclic stress at a level of 10-20% of the constant stress,
is needed to more fully understand the fatigue behavior.

The tensile creep and creep rupture properties of Prepreg HiPerComp™ composites
have also been evaluated in air for times up to 1000 hours. These data are summarized in
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FIGURE 9. Cyclic tension-tension fatigue behavior of Prepreg HiPerComp™ composites tested in air using
sinusoidal loading. Black points are for 815°C, gray points for 1093°C and white points for 1204°C. (Arrows
indicate test run-outs.)

Table 4. No observable creep strain was obtained at 815°C, though one sample did rupture
after 460 hours at 140MPa. At 1093°C and 1204°C measurable strain rates were obtained,
though few samples attained a steady state strain rate before the end of the 1000 hour
test or at rupture. Over the range of temperature and stress evaluated (1093 and 1204°C
and 125 to 160MPa) the measured strain rates at 1000 hours for the test run-out samples
ranged from 2 x 1071957 to 2 x 107! s~1, This range of strain rates is very low compared
to creep rates currently accepted for metallic hardware in turbine engines, and thus creep
deformation is not expected to be a limiting factor for the application of HiPerComp™
composites.

The measured creep rupture behavior for Prepreg HiPerComp™ composites is shown
in Figure 10. Rupture of samples, when it was observed, generally occurred at strains
between 0.1 and 0.3%, although run-out samples also displayed comparable levels of strain
without failure. Overall the rupture curves are relatively flat owing to the change in rupture
mechanism above and below the matrix cracking stress. The first matrix cracks are generally
observed at ~15 MPa below the proportional limit stress, which at these temperatures
is ~165 MPa (see Figure 7). Thus at stresses at or above ~150 MPa one would expect the
presence of at least one matrix crack and therefore the composite rupture behavior would
be controlled by fiber and fiber/matrix interface oxidation and rupture of the bridging fibers
themselves. At stresses below ~150 MPa the matrix would remain intact and composite
rupture behavior would be governed by the much slower process of subcritical crack growth.
The measured rupture data are consistent with this interpretation in that only one of the eight
samples tested below 150 MPa actually failed during the test.
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TABLE 4. Summary of Creep and Creep Rupture Data for Prepreg HiPerComp™

Total strain at Creep Rate
failure or at at 1000 h
Temperature (°C) Stress (MPa) Time to Failure (h) 1000 h (%) (s~
815 125 =>1000 0.07 —
140 =1000 0.08 —
140 = 1000 0.08 —r
140 460 0.05 s
1093 125 =1000 0.93 26x 10~
140 >1000 0.16 1.9 x 10710
140 > 1000 0.14 1.1x 10710
140 =1000 0.13 8.0 x 1071
150 394 0.20 —
150 190 0.14 —
150 18.1 0.12 —
160 154 0.12 —
160 1.45 0.10 —
1204 125 =1000 0.25 3.0x 10710
125 =1000 0.20 8.0x 1010
140 =1000 0.31 23x 10710
140 454 0.28 —
150 82.1 0.29 -
150 0.32 0.18 —
170 N Gl T Y T &)
i 24
160 | 19 o ]
150+ o o oo T2 &
= r =
2 g
L 140 (n] =
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FIGURE 10. Tensile creep rupture behavior of Prepreg HiPerComp™ composites tested in air. (Arrows indicate

test run-outs.)
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FIGURE 11. Photographs of impact damage in Slurry Cast (top) and Prepreg (bottom) HiPerComp™ composites
caused by 4mm chrome-steel projectiles fired at various velocities. The photographs show the back sides of the
samples, which generally showed more damage than the impact sides.

4.6. Damage Tolerance

An inevitable occurrence during the operation ofany gas turbine engine is foreign object
damage, or FOD. FOD denotes damage to the turbine components caused by the passing of
solid material through the engine. The source of this material can be from objects, such as
sand, pulled into the compressor from outside the engine, or from broken or oxidized pieces
of hardware that come from upstream engine components themselves. Since gas velocities
in the turbine section approach sonic velocities, such “foreign objects” can be traveling at
fairly high velocity, and, depending on their mass, impart quite significant impact energies.
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The foreign object damage resistance of HiPerComp™ composites have been evaluated
using ballistic impact testing, performed at GE Aircraft Engines and the University of Dayton
Research Institute. Nominally 2.5 mm thick panels of prepreg and slurry cast HiPerComp™
have been subjected to direct impacts with 4mm chrome-steel shot at velocities from 54
to 430 m/s (corresponding to impact energies from 0.4 to 24 J, respectively). At 430 m/s
the projectile punched a hole entirely through the composites with the entrance hole being
roughly equivalent in size to the projectile and the exit hole being approximately twice
the area. At 115 m/s the projectile did not fully penetrate the composite panels, but rather
caused a hemispherical indent in the front face and ejection of a conical-shaped zone of
material from the back face. Non-destructive evaluation (NDE) of the samples following
impact was done using both fluorescent dye penetrant and infrared thermography imaging.
Both techniques showed the radius ofthe damage zones to be roughly equal to the size of the
exit hole (or ~2X the size of the projectile) on samples impacted at 430 m/s, but the radius
of the damage zone was as much as 4X the size of the projectile radius at lower velocities.
In general, the size of the damage zone was larger in the prepreg type composites than in
the slurry cast type composites, probably reflecting the difference in fiber content between
the two types. Photographs of some of the damage zones from impacted samples are shown
in Figure 11. It should be noted that when similar sized plates (1-2.5 mm thick) of sintered
SizN4 were subjected to a comparable impact event it was found to shatter at all impact
energies down to and below 0.5 J.

5. SUMMARY

The HiPerComp™ family of ceramic matrix composites, based on silicon melt infiltra-
tion composite technology invented by GE, offer a unique combination of high temperature
thermal and mechanical properties that make them highly suited for gas turbine engine
applications.
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ABSTRACT

Ceramic matrix composites (CMC), based on reinforcements of carbon fibres and
matrices of silicon carbide (called C/SiC or C/C-SiC composites) represent a relatively
new class of structural materials. In the last few years new manufacturing processes and
materials have been developed. Short fibre reinforcements, cheap polymer precursors and
liquid phase processes reduced the costs by almost one order of magnitude in comparison to
first generation C/SiC composites which were originally developed for space and military
applications. Besides high mass specific properties and high thermal stability, functional
properties like low thermal expansion and good tribological behaviour play an increasing
importance for new commercial applications like brake disks and pads, clutches, calibration
plates or furnace charging devices.

I. INTRODUCTION

First non-oxide CMCs, based on carbon/carbon composites, were developed in the
1970s as lightweight structures for aerospace applications. They had to be designed as
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limited life structures as the environmental conditions were highly aggressive and the long
term behaviour of these composites was still unknown. Typical representatives for such
components were rocket nozzles, engine flaps, leading edges of spacecraft and brake disks
of aircraft. Their lifetime comprises several minutes to some few hours under highest ther-
momechanical requirements which can not be fulfilled by any other structural material
[1-3].

In order to improve the oxidation resistance and thus the application lifetime of these
composites, research has been exerted on using ceramics instead of carbon as the matrix
material. Silicon carbide is particularly suitable as a matrix material due to its high oxidation
resistance, its superior temperature and thermal shock stability and its high creep resistance.
Practically, similar manufacturing techniques can be used for the silicon carbide matrix for-
mation of C/SiC composites as for the manufacture of carbon/carbon composites. Generally,
ceramic matrix composites have been developed to combine the advantageous properties of
monolithic ceramics with a high damage tolerance, which is known for example from the
reinforcing of fibre reinforced polymers. However, the mechanisms which cause high dam-
age tolerance are completely different for both classes of material. Polymers are reinforced
with strong and stiff fibres, whereas the matrix is weak and of low strength, stiffness as well
as thermal stability. A strong bonding between matrix and fibres is desired as a result ofhigh
fibre surface reactions. Based on the differences of stiffness between fibres and polymer,
the matrix itselfis stressed only slightly and the energy release rate of a matrix crack is low
because of the modest matrix strength. Therefore, the highly loaded fibres are able to stop
cracks without being damaged.

Ceramic matrix composites are characterized by the fact that the stiffness of both, fibres
and matrix, are in the same order of magnitude. High fibre/matrix bonding forces result in
stresses which are similar for the matrix as well as for the fibres and the damage tolerance is
comparable low to monolithic ceramics. The opposite case with extremely low fibre/matrix
bondings leads to a nearly stress-free matrix and a high fracture toughness. However, as the
debonding and shear properties mainly depend on frictional effects, such kind of composites
are usually not suitable as a structural material. Damage tolerant CMCs therefore require
moderate fibre/matrix bondings with adapted interphases. The interphase microstructure can
vary from sharp, non-reactive interfaces to in situ reacted interfaces, porous or multilayer
interfaces and is responsible for the stopping and deflecting of matrix cracks.

Similar to polymer and metal matrix composites, the CMC’s fracture behaviour and
properties are dominated by the reinforcing fibres. But to an even higher degree the fibres
must show a high stiffness and an extreme thermal stability. Carbon fibres fulfill these
requirements in an outstanding way. They are commercially available in various modifica-
tions, weavable to preforms and carbon fibres show a very high thermal stability well above
2,000 °C. However, their main disadvantage is the degradation in an oxidising atmosphere
beyond 450 °C, resulting in the need for an external oxidation protection. It is known from
oxidation kinetics that increasing the final heat treatment temperature (for example by a
graphitization step) results in an improved oxidation resistance of the C-fibres. Therefore,
the oxidation resistance is also improved by reinforcements with high modulus (HM) or
ultra high modulus (UHM) carbon fibres in comparison to high tenacity (HT) fibres [4].

Long-term oxidation protection requires multilayer protection coatings, where the car-
bon/carbon or carbon/silicon carbide composite is protected for example with SiC layers
and additional self-healing glass forming layers, based on oxides like mullite, alumina
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or silicon. The silicon carbide layer can be performed via pack cementation, but supe-
rior oxidation resistance can be achieved with pure 3-SiC layers, deposited via the CVD
process [5].

Due to the anisotropic coefficient of thermal expansion (CTE) of C/C, C/SiC and C/C-
SiC, the oxidation protection ofthese composites is more difficult than it is for non-reinforced
carbon or graphite bulk materials. The mismatch of CTE between the CVD-SiC coating and
the carbon fibre reinforcement creates cracks in the SiC coating during the cooling-down
period after deposition. Crack formation starts at approximately 100 °C below the CVD
coating temperature. Therefore, CVD-SiC coated composites show the highest oxidation
rate at about 800 °C, the maximum between crack opening and oxidation kinetics. As aresult,
sophisticated oxidation and corrosion coatings can only reduce the material degradation in
a certain temperature interval under static conditions, but all available protection coatings
are not able to prevent oxidation completely under dynamic conditions. The designers and
users of C/SiC and C/C-SiC composites have to keep these inherent restrictions under
consideration in order to apply these materials adequately, resulting for example in short
inspection periods and higher efforts in in-service monitoring by NDE methods.

II. APPLICATIONS

C/SiC and C/C-SiC applications lie in fields where conventional materials, due to
their insufficient mechanical properties at high temperatures or limited damage tolerance
behaviour can no longer be considered and includes in principal all areas of lightweight
construction. Some examples are given for high temperature (T > 1,000 °C), medium tem-
perature and low temperature (T < 450 °C) regimes.

(2.1) Space vehicle’s TPS and Hot structures

Temperatures of up to 1,800 °C occur during the re-entry phase of orbiters into earth’s
atmosphere. Thermal protection systems (TPS) are the domain of carbon fibre reinforced
SiC-ceramics in spacecraft structures and numerous technology-driven projects have been
performed over more than two decades in Europe, the US and Japan. The Hot structures of
NASA'’s experimental space vehicle X-38, which was planed to serve as a technology carrier
for a new Crew Return Vehicle (CRV) ofthe International Space Station (ISS), are regarded
as an example for the current stage of C/SiC and C/C-SiC development for thermal protection
systems. A nose cap, the adjacent thermal protection panels (nose skirt), two leading edge
segments and two body flaps for the steering of the vehicle were manufactured and qualified
by ground-tests by a German consortium [6-8].

The nose cap made of LSI-C/C-SiC by DLR is particularly exposed to extreme temper-
ature stresses upon re-entry due to its location directly in the stagnation region of the vehicle.
The connection ofthe nose shell to the fuselage consists of eight individual mounting braces,
which are also made of C/C-SiC, or respectively in the cooler areas, of a temperature resistant
metal alloy. This lever-type fastening system guarantees high durability against mechanical
stress, and it also allows an unhindered thermal expansion of the shell, which may amount

to as much as three millimetres at a mean diameter of 700 mm at the expected temperature
level of 1,750 °C (Figure 1).



FIGURE 1. Attachment design of the X-38 nosecap (made of C/C-SiC composites)
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FIGURE 2. CVI-C/SiC body flaps for the X-38, joined with C/SiC screws. The Body Flap was developed by
MAN-T in the frame of the German TETRA-Programme which was carried out by order of DLR and sponsored
by the BMBF and Bavarian STMWVT

The CVI-C/SiC body flaps, manufactured by MAN Technologie, are build up from four
boxes with integral transverse stiffeners and flanges to bear covers. The flaps of 1,600 mm
in length and 1,500 mm in breadth are joined with more than 400 screws in total, also
made of CVI-C/SiC (Figure 2). The use of C/SiC composites is providing about 50%
weight reduction with higher safety margins compared to insulated metallic structures. The
C/SiC nose skirt was manufactured by ASTRIUM GmbH via the liquid polymer infiltration
process.

(2.2) Vanes, nozzles and flaps of rocket motors and jet engines

Even shorter operational times than those occurring during re-entry are demanded of
jet vanes which are used to divert the direction of thrust in solid fuel rockets, but they
are loaded by considerably higher stresses, Figure 3. The controllable vanes provide an
increased manoeuvrability of the rockets, primarily during the low-speed phase immediately
after take-off. Only a few seconds of endurance are required, but these few seconds impose
upon the material the utmost demands regarding thermomechanical stability and resistance
to abrasion. The C/SiC vane surfaces should be additionally coated with a protective ceramic
coating (e.g. CVD-SiC) in order to be able to withstand the immense blast of particles (e.g.
AL O3) occurring as the solid fuel burns away. At the same time, the ceramic content of the
structure material must be at such a high level, that the unavoidable burn-up consumption
takes place only gradually, so that a sufficient residual vane surface is available during
the complete burning period. The formulation of the microstructure of the C/SiC composite
consequently requires an optimization of the conflicting demands for high fracture toughness
(high C contents) and high resistance to abrasion (high SiC contents).
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FIGURE 3. C/C-SiC jet vanes for solid fuel rocket propulsion systems

C/SiC composites have also been investigated successfully for expansion nozzles of
rocket propulsion systems. Exemplarily, a nozzle demonstrator of the upper stage engine of
Ariane 5 was designed and manufactured by filament winding, using LPI technique [9]. The
nozzle with a length of 1,360 mm and an exit diameter of 1,330 mm showed a mass of 16 kg.
Although considerable thicker wall structures were necessary, weight reductions of 60% and
an increase of the allowable temperature of about 500 °C in comparison to superalloy Haynes
25 could be achieved.

Several C/SiC components like flame-holders, exhaust cones and engine flaps have
proven their feasibility for military jet engines [10]. Outer flaps in the SNECMA M 88-2
engine provide 50% weight savings over the corresponding superalloy flap (Inconel 718)
and almost 300 flaps have been fabricated for ground tests (Figure 4). C/SiC engine flaps
are of prime interest for future military engines where they allow the reduction of internal
cooling flow, thus yielding benefits in the engine performance.

The general low resistance to oxidation of carbon only permits restricted operational
periods of the C/SiC structures at temperatures above about 450 °C. Its utilization in civil
aircraft turbines or stationary gas turbines (e.g. as tiles in combustion chambers, for diffusers
or for turbine vanes) with operational times of several 10,000 hours is therefore not possible
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FIGURE 4. C/SiC outer flap of the M 88-2 engine (Snecma)

from today’s point of view even with very sophisticated multi-layer protective coatings.
The current terrestrial C/SiC developments are therefore concentrating on applications that
have a performance range demanding a resistance to high temperature only for a short time,
or on products, which make use of other advantageous characteristics of these multiphase
composites.

(2.3) Advanced friction systems

C/C-SiC composites, made by liquid silicon infiltration (LSI-process), offer superior
tribological properties in terms of high coefficients of friction (CoF) and wear resistance.
The carbon fibres lead to an improved damage tolerance in comparison to monolithic SiC,
whereas the silicon carbide matrix improves the wear resistance compared to carbon/carbon.
C/C-SiC composites are therefore new, outstanding materials for brakes and clutches of
high speed cars, trains and emergency brakes in the field of mechanical engineering and
conveying.

First attempts to investigate C/C-SiC composites for their use as frictional materials
for brake pads and disks started in the early nineties [11]. C/C-SiC materials show, in
comparison to carbon/carbon, a considerably lower open porosity (less than 5%), a
moderately higher density (about 2 g/cm?) and a ceramic share of at least 20% in mass.
Several activities in institutes as well as in industries now exist to investigate CMC materials
for their use as frictional materials for brake pads and disks [12—16]. The resulting materials
differ in their constituents (fibres, fillers), microstructure (ceramic content, gradients), prop-
erties (density, strength, thermal conductivity) and also in their processing conditions (fibre
coating, temperature, etc.). Nevertheless, they are all based on carbon fibres and silicon
carbide matrices as the main constituents of the composite material. The carbon fibres gen-
erally decrease the brittleness of SiC considerably so that the damage tolerance of C/C-SiC
components lies in the same order of magnitude as for grey cast iron.

For automotive use, especially for high performance disks the costs of continuous fibres
and the common processing techniques for components used in aerospace are too high for
a serial production with high numbers of items. The most promising way to reduce the
costs and to simplify the manufacture is to employ short fibre reinforcements and pressing
techniques. The use of short fibres reduces the costs of the raw materials primarily by the
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FIGURE 5. Emergency brake system (left) and internally ventilated brake disk for passenger cars (right), made
of C/C-SiC

reduction of waste in comparison to bi-directionally woven fabrics. Due to the more isotropic
fibre orientation of short fibre reinforced C/C-SiC the thermal conductivity perpendicular to
the friction surface of brake disks is generally higher compared to the orthotropic material
based on laminated woven fabrics. This leads to lower surface temperatures on the brake
disks resulting in an higher and more constant coefficient of friction and lower wear rates.
In different tribological test campaigns the performance and the excellent wear resistance
were proven and new constructions suitable for these new braking materials were developed
(Figure 5). Due to their high thermal stability and their low weight a great leap in brake tech-
nology is achievable, combining non-fading characteristics with better driving dynamics.
Different passenger cars are already equipped with ceramic brakes and clutches in series
and several industrial companies are currently producing or developing C/C-SiC frictional
parts in an advanced stage.

Emergency stop brakes of different constructions are used in many fields ofengineering,
for example in lifts, cranes, electric drives for machine tools and winds. Electromagnetic
spring applied brakes are commonly used for braking or holding loads, which are closed in
the de-energized condition. The brake system often consists of a rotating and two stationary
brake disks similar to heat pack ofaircraft brakes. Increasing drive and higher circumferential
velocities in modern power transmission necessitate new concepts.

New C/C-SiC composites have been developed and investigated [17, 18] in order to
increase the efficiency of emergency brakes. Tribological tests have shown low wear rates
and high coefficients of friction even at high energy input, whereas conventional friction
materials (metallic disks and organic friction linings) are completely overloaded. The bene-
fits for the customer comprise a higher transmitted braking power and smaller dimensions of
the brake systems, equipped with C/C-SiC pads. Presently, different carbon fibre reinforced
ceramics are developed and commercially available to be used in high performance brake
systems.

(2.4) Low-expansion structures

The low thermal expansion of C/SiC fibre ceramics in combination with their high rigid-
ity and stability is utilized in low-expansion structures. Not the high-temperature properties
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FIGURE 6. C/C-SiC calibrating plate with 25 measurement holes for the calibration of coordinate measuring
machines

are relevant for this application, but rather the options to produce large-sized components
with high precision as well as the material properties that are not influenced by ambient
conditions (e.g. humidity) [19, 20].

Calibrating bodies used in industrial measurement technology are a very interesting
application for C/C-SiC composites. Among others, plate-shaped calibrating bodies are
used to check coordinate measuring machines, in order to be able to recognize inaccuracies
in measuring lengths and angular displacements of the automatic measuring systems in
the automotive industry, for example. These high-precision components must have a very
low and a constant thermal expansion coefficient within the normal temperature range
of —30 to +50 °C. In addition, the calibrating plates should be simple to handle, i.e.
light-weighted and robust. This requirement profile is impressively fulfilled by C/C-SiC
composites. Figure 6 shows such a calibrating plate with an edge length of 420 mm and a
thickness of 8 mm with 25 measurement bore holes.

The advantages of C/C-SiC composites compared to conventional low-expansion
materials are the absence of any kind of thermal hysteresis, a low heat capacity, a consid-
erably lower weight in combination with a sufficient damage tolerance of the component.
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FIGURE 7. Optical unit for laser communication satellite before and after final assembly consisting of low
expansion C/C-SiC tube and spider

Advantages for the customer arise here from primarily in mobile use, where the handling
of the plates has been made fundamentally easier, and the waiting times for temperature
equalization between the calibrating plate and the measuring room has been reduced.

Satellite communication systems based on optical concepts enable high data rates with a
relatively low energy consumption compared to systems based on radio waves. However, an
optical system has high demands on precision and stability. In this application the demands on
thermal and structural stability are extreme. Novel C/C-SiC composites have been designed
under the aspect of series manufacture especially for this purpose. Figure 7 shows the
optical unit consisting of a primary and secondary mitror, connected with a telescope tube
and spider element of low expansion C/C-SiC. In the final assembly the tube is aligned with
the mirror optical axis in vertical direction. The secondary mirror faces the primary and
the protruding rectangular blades of the tube are connected to the mirror cell by adhesive
bonding.

The given telescope tube and spider element design with C/C-SiC composites enables
integral manufacture in comparison to conventional non-CMC solutions where parts must
be glued together. In addition, the design exhibits no hygroscopicity, demonstrates fracture
toughness and is lightweight.

(2.5) Further fields of application

The economically most attractive field of application for C/SiC composites are primary
structures in the energy industry. Despite their inherent limitations of oxidation resistance,
international research continues to improve manufacture processes and surface coatings for
the long term use of C/SiC composites under corrosive conditions. One first step towards
ceramic constructions in energy and power station engineering is the development of a
double-pipe heat exchanger in bayonet-pipe technique, which is intended for use in combined
processes (Externally Fired Combined Cycles, EFCC) with indirectly fired gas turbines
using coal, Figure 8. Here the HT heat exchanger serves for the indirect firing of a gas
turbine. The air to be heated flows through the coaxially arranged fibre ceramic pipes. In
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FIGURE 8. Design principles and construction study of a HT-heat exchanger with C/C-SiC tubes

cross-countercurrent direction, the flue gas flows around the pipe rows, which are laid out in a
staggered arrangement. The coated C/C-SiC pipes are mounted separately in corresponding
pipe floors, thus reducing the tension stresses induced by longitudinal expansions. Because
of the micro-porosity of the C/C-SiC materials, the multi-layered coatings for corrosion
protection have great significance for this application, since these protective coatings have
two functions: to act as a sealing agent for the pressurized pipes, and also to protect the
matrix and the carbon fibres from oxidation and corrosion [21, 22].

Components in the furnace chamber of thermal incineration installations require an
extreme mechanical, thermal and corrosive resistance, particularly if problematic waste
is burned. Moving firing grates made of C/SiC with a high ceramic content, which
simultaneously have a forward feed of the material to be burned are already in operation
in incineration installations [23]. These C/SiC components are designed as hollow bodies,
so that additional air can be introduced via holes, thus achieving an optimization of the
incineration.

In the field of furnace engineering, C/C-SiC ceramics are used as charging devices
and work piece supports for metal hardening. These ceramic components are considerably
lighter in comparison with high-temperature resistant metals, and they have a very low
tendency to warping and distortion at high temperatures. Charging devices can be produced
from textile preforms that are contoured similar to the final product, so that only very little
machining effort is necessary. Further industrial components manufactured in series are C/C-
SiC fan blades used to circulate the atmosphere in heat treatment furnaces. Oxygen probe
tubes, thermocouple protection tubes, pouring gutters used in metallurgy, or HT-nozzles
made of C/C-SiC fibre ceramic are also in practical operation and are here mostly replacing
monolithic ceramic materials.
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In the field ofballistic protection of vehicles and aircraft, the use of monolithic ceramics
in compound systems permits a weight reduction of more than 50% as compared to armor
plating steels. Further-reaching mass reductions are possible for future lightweight armor
by using light C/SiC or C/C-SiC plates instead of the alumina or silicon carbide materials
commonly used. Ballistic tests have shown, that fibre ceramics additionally offer improved
protection against multiple hits because of their higher fracture toughness [24].

A typical lightweight armor principally consists of a multi-layered sandwich compound,
of which the front side is made of a ceramic material and the rear side is primarily made
of energy absorbing materials, such as synthetic fabrics (e.g. aramide) or ductile metals.
Aside of the potentially lower weight per unit area of such lightweight armor (goal to be
achieved: <25 kg/m?),the variability in the design of the fibre ceramics is another essential
advantage of fibre ceramics in comparison to conventional ceramics. Their manufacture is
based on the classic methods used in composites technology, which allows almost any kind
of curved, thin-walled structure. The largest sales volume of future fibre ceramic production,
besides brake discs, is consequently envisaged in ballistic protection systems based on C/SiC
and C/C-SiC composites.

II. PROCESSING

In principal, there exist numerous processing routes to infiltrate the matrix system into
the fibre preform. Conventional powder processing techniques used for making monolithic
ceramics are mostly not suitable and rather unconventional techniques to avoid damage of
the fibre preforms are applied. They can be distinguished between the impregnation either by
gas phase or by liquid phase infiltration (Figure 9). Three different techniques are currently
used in an industrial scale for the production of C/SiC and C/C-SiC composites, each of
them leading to specific microstructures and properties (Figure 10):

— Chemical Vapour Infiltration (CVI)
— Liquid Polymer Infiltration (LPI) or Polymer Infiltration and Pyrolysis (PIP)
— Liquid Silicon Infiltration (LST)

Historically, the processing routes moved from the isothermal CVI process to more cost-
effective techniques such as gradient-CVI and liquid polymer or liquid silicon infiltration.
These routes are faster and lead to shorter manufacture cycles than isothermal CVI and,
especially the two liquid phase processes LPI and LSI, use technologies already developed
for polymer matrix composites (PMC).

One important aspect is to realize that processing should be considered as an integral
part of the whole process of designing a CMC component. Fibre orientation, dimensionality
of the preform and thermal treatment conditions are important parameters of influence for
the performance of the final CMC product.

(3.1) Chemical Vapour Infiltration

Chemical vapour infiltration in general allows the deposit of quite a variety of matrices
and the processing of any complex shape. The multi-directional fibre preform is fixed in the
furnace with a tooling or build-up with a temporary binding agent, which is removed in a
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FIGURE 9. General overview of the manufacturing processes for CMC materials

first pyrolysis step. The ceramic matrix is obtained by the decomposition of gaseous species
within the open porosity of the preform. Usually, methyltrichlorosilane (MTS, CH3SiCl3) as
the process gas and hydrogen as the catalyst are used to form the SiC matrix. Two different
phenomena control the matrix growth rate within the preform’s pores:

— the kinetics of the chemical reaction
— the mass transport of the reaction products into the porosity.

The quality and purity of the deposed silicon carbide is determined by the ratio of mixture
between hydrogen and MTS. High portions of H, lead to Si-rich matrices, whilst increasing
amounts of MTS result in SiC matrices with residual carbon. In order to get a good in-depth
deposition, low pressures (50-100 hPa) and low temperatures (800-900 °C) are necessary
and must be kept constant over the whole process [25]. This isothermal/isobaric CVI-process

Industrialized processes for the manufacture of carbon fibre
reinforced SiC ceramics
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FIGURE 10. Processes for the industrial manufacture of C/SiC and C/C-SiC composites
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leads to very good thermomechanical properties and high fracture toughness. The drawbacks
lie in long processing times lasting several weeks or months and in restricted preform depths
which can be infiltrated in one step.

To overcome these geometrical restrictions and to increase the deposit rate of SiC, ther-
mal and pressure gradient-CVI processes have been developed and industrialized [26, 27].
In contrast to the isothermal CVI process a forced mass flow of MTS, driven by gradients
of temperature and pressure within the preform, is applied and allows considerable higher
process temperatures and pressures. The higher gas density and higher reaction speed result
in manufacture times which are more than one order of magnitude faster than the isother-
mal/isobaric CVI. Typically, 40 to 60 hours are necessary to infiltrate carbon preforms of
5 mm thickness to a residual open porosity of 12%. As the forced mass flow of gases neces-
sitate the sealing and cooling of the fibre preform, this variant on CVI is focussed on simple
and standardized geometries like profiles, tubes and plates.

Besides the good quality of the C/SiC composites processed by chemical vapour infil-
tration, one of the major advantages of this manufacturing route is that is allows the control
of the fibre/matrix interphase. Therefore, C/SiC composites are shortly deposited in a first
step with carbon (e.g. by the deposition of methane gas, CHy4) to govern the fibre/matrix
bonding forces. In summary, the manufacture of C/SiC components via the gradient-CVI
process comprises the following steps:

1. Fibre preform build-up with a polymer binding agent

2. Pyrolysis of the polymer (leads to a self-supporting fibre preform)
3. Deposition of carbon for fibre coating (interphase formation)

4. Deposition of SiC for matrix infiltration

5. Final machining of the near-net shaped C/SiC component

(3.2) Liquid Polymer Infiltration

The manufacture of C/SiC components by using polymeric precursors is called liquid
polymer infiltration (LPI) process or polymer infiltration and pyrolysis (PIP) process and
represents one of the most advanced manufacturing methods for large and complex shaped
CMC parts for the acrospace industry [28-30]. The starting materials to form the silicon
carbide matrix are usually polycarbosilane or polysilane polymers which convert from
polymer to an amorphous or crystalline ceramic during pyrolysis. The big difference in the
densities of the polymeric precursor and the SiC matrix results in a reduction of volume and
induces a high amount of pores in the matrix. Inert submicronic SiC particles or reactive
fillers can be used to reduce the shrinkage, but usually a number of successive infiltration
cycles followed by a respective pyrolysis step are required to obtain a SiC matrix with
a sufficient high density. Typically, five to seven impregnations are necessary to obtain a
residual porosity of less than 10%.

Figure 11 gives an overview of the LPI-process which is used for the manufacture of
integral C/SiC components. Prior to their slurry infiltration the carbon fibres are coated
by CVD to reduce the fibre/matrix bonding. In the following steps, the processing route
follows the classical methods of manufacturing carbon fibre reinforced plastics (CFRP).
The coated fibres are infiltrated with the precursor, for example by filament winding, fabric
prepreging or resin transfer moulding (RTM). The resulting laminate is subsequently cured
in an autoclave at 200-300 °C.
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FIGURE 11. The technique for making C/SiC components by liquid polymer infiltration (LPI)

During the following high temperature treatment under inert atmosphere or vacuum
(pyrolysis) the polymer is decomposed and the real ceramic matrix is formed within several
intermediate steps. The chosen temperature-time-cycle influences heavily the morphology
of the resulting SiC matrix. Whilst high heating rates and low final temperatures lead to a
high porosity and an amorphous matrix, a crystalline SiC matrix with low and fine distributed
pores can be obtained by low heating rates and ultimate temperatures up to 1,600 °C.

To summarize, this polymer route of making C/SiC composites has the advantage
of a good matrix composition control, relatively low densification temperatures and the
possibility to join together different parts with the original matrix slurry to highly complex
components. The disadvantages are the multiple infiltration/densification/pyrolysis cycles
and the large shrinkage during pyrolysis, resulting in a cracking of the matrix.

(3.3) Liquid Silicon Infiltration

This technique is based on the impregnation of porous carbon/carbon composites by
molten silicon and the reaction of the metallic melt with the solid matrix carbon to silicon
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carbide. The melt infiltration process can use almost any reinforced geometry and yields
a high-density, low-porous matrix. A fibre preform having a network of pores and cracks
is infiltrated by liquid silicon, mostly using capillary pressure. Application of pressure or
processing in vacuum can support the infiltration process. The temperatures involved are at
least beyond the melting point of silicon (1,415 °C) and can lead to deleterious reactions
between the fibres and silicon. The melt viscosity, the chemical reactivity, the wetting of
the reinforcement and the anomaly of silicon during phase transition (change of density
of approximately 8%) are critical processing parameters to be considered. The thermal
expansion mismatch between the fibres and the matrix and the rather large temperature
interval between the processing temperature and room temperature are problems which
have to be taken into account.

First attempts to infiltrate carbon/carbon composites by liquid silicon have been con-
ducted for more than twenty years [31-33]. After these basic investigations, the carbon
fibres have to be coated prior to the infiltration of silicon in order to reduce the degree of
fibre degradation. Also, highly graphitized carbon fibres like high modulus fibres (HM) are
recommended as reinforcement for the fibre preform which are more stable in contact with
silicon than only carbonized fibres. Both requirements are in contrast with a cost-efficient
processing of CMCs and only poor fracture toughnesses have been achieved by the infiltra-
tion of unadapted carbon/carbon preforms. In the last few years, new processes and novel
C/C-composites with adapted microstructures which also allow the use of uncoated and
chopped high tenacity (HT) carbon fibres were developed [34-37].

Figure 12 gives an overview of the LSI-process which can be split into three major
steps. The fibre preform fabrication starts with the manufacture of carbon fibre reinforced
plastic composites with polymeric matrices of high carbon yield. Normally, commercially
available resins like phenolics or other aromatic polymers are used to fabricate laminates
by common CFRP techniques like resin transfer moulding, autoclave, warm pressing or
filament winding. After curing, the composites are postcured for the complete polymer-
ization of the matrix. Subsequently, the CFRP composites are pyrolysed under inert at-
mosphere (e.g. nitrogen or vacuum) at temperature beyond 900 °C to convert the polymer
matrix to amorphous carbon. The pyrolysis of the CFRP composite leads to a volumet-
ric contraction of about 50% of the neat polymer. As this polymer contraction is hin-
dered by the embedded fibres the macroscopical shrinkage of the composites is essentially
lower. In direction of the fibre alignment the shrinkage is close to zero with the result
that the matrix contraction leads to a microscopical network of cracks within the C/C
composites.

The fibre/matrix bonding (FMB) strength in the polymer composite plays an important
role during the pyrolysis step and can be modified by fibre coatings (e.g. PyC), thermal
pre-treatments of the fibres or by variation of the fibre type. Generally, the higher the FMB
strength the higher the tendency to form dense segments of fibres, interconnected with a
translaminar crack system [38]. These microcracks represent the open porosity of the C/C
composite.

During the third and final processing step, the capillary effect of the open pores and the
low viscosity of molten silicon enable a quick filling of the microcracks. The simultaneous
exothermic reaction between the carbon matrix and the liquid silicon results in silicon carbide
encapsulated carbon fibres. The resulting composite comprises of three phases: carbon fibres
and residual carbon matrix, silicon carbide and a certain amount of unreacted silicon. As
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the load bearing capability derives from the encapsulated C/C-regions, this material is also
called C/C-SiC composites.

Simple as well as complex building units can be joined in situ within the siliconizing
step using a carbonaceous paste with the optional addition of either carbon felt or carbon
fabric as the joining material to form integral components. Porous C/C components are
prepared and fixed together and molten silicon is caused to flow between the surfaces and
react with the carbon material to convert it into SiC and bond the surfaces together. In
situ-joining is desirable as it eliminates expensive and complicated machining as well as the
need for additional metallic bolts or ceramic adhesives.

Additionally, the LSI process allows the implementation of reaction bonded SiSiC-
coatings on the component’s surface. Adding porous carbonaceous layers and additional
silicon granulate on the C/C surfaces to be protected, extremely wear resistant coatings can
be formed simultaneously to the SiC formation inside the C/C composite in an easy and
economic way [39].

(3.4) Combined processing methods

Hybrid processes involving a combination of two or more (standard) processing meth-
ods has been described by several authors [5, 40, 41]. Such combined processes pursue
the aim to overcome the drawbacks of the individual processes in order to improve the
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performance of the CMC material or to make the manufacture more cost-efficient. For ex-
ample, acombined CVI/LPI impregnation technique is used for the industrial manufacture of
filament wound furnace parts and crucibles. A pre-densification via CVI leads to the format-
ion of an interphase between fibres and SiC-matrix whilst the subsequent precursor infiltra-
tion fills up the matrix. In comparison to a pure LPI-process, this hybrid process reduces the
number of reimpregnation steps and improves the mechanical properties of the composite.
If the last LPI-impregnation steps are substituted by the infiltration of liquid silicon, the
processing time can be reduced further and matrices of low porosity can be obtained.

One other approach is the combination of a first CVI step, followed by a matrix densifi-
cation via liquid silicon infiltration (LSI). By chemical vapour deposition the carbon fibres
are coated with pyro-carbon or boron nitride in order to prevent them from reacting with
the molten silicon and to improve the fracture toughness of the composite. The following
infiltration of silicon densifies the matrix, resulting in a residual amount of free silicon in
the matrix. The combination of LPI and LSI processes pursues a similar goal: The coating
of C-fibres with a polymer in an initial step reduces the reaction between the fibres and the
subsequently infiltrated silicon.

Despite their heterogeneous microstructure and their complex processing, hybrid pro-
cesses show a promising route to combine the high material purity and process controllability
ofthe chemical vapour infiltration technique with the less time consuming and in most cases
cheaper liquid phase infiltration techniques of LSI and LPI. However, additional research
and development have to be done in order to take benefit of the whole potential of combined
processes.

IV. PROPERTIES

(4.1) General remarks

Ceramic composite materials are different from all other composite materials due to their
microporous and microcracked matrix. In comparison with metals, the fracture behaviour
of the CMC-materials is still relatively brittle. However, their strain to failure is up to
one order of magnitude greater than monolithic ceramics, and their non-linear stress-strain
behaviour make them an engineering material with quasi-ductile breaking behaviour. Even
if a comparison with grey cast iron is not permissible because of the completely different
structure, the damage tolerance of the fibre ceramics can be compared with that of grey
cast iron in first approximation: These materials are still very brittle from the designer’s
viewpoint familiar with metals, the ceramist, however, will regard CMC materials as a
new class of materials, opening completely new fields of application due to their fracture
toughness. Low material densities result in mass-specific properties, which are unsurpassed
by other structural materials at temperatures above 1,000 °C. Generally, the properties of
fibre ceramics depend strongly on their micro-structural composition, and therefore, also
on the respective manufacturing method.

Typical properties of two-dimensionally reinforced C/SiC and C/C-SiC composites,
fabricated by the isothermal CVI-, gradient CVI-, LPI- and LSI-process, respectively, are
shown in Table 1, published by representative manufacturers [9, 35, 42, 43]. The variance
of properties depends on the fibre type and on the fibre volume content which is governed
by the design of the component and the method of preform manufacture. The given values
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TABLE 1. Overview of material data for SiC ceramics with bi-dimensional carbon fibre

reinforcements
Gasphase Infiltration (CVI) Processes Liquid Infiltration Processes
LPI
CVI (isothermic) CVI (p,T-Gradient) LSI
Property Unit C/8iC C/SiC C/SiC C/SiC C/C-SiC
Tensile strength MPa 350 300-320 250 240-270 80-190
Strain to failure % 0.9 0.6-0.9 05 0.8-1.1 0.15-0.35
Young’s modulus GPa 90-100 90-100 65 60-80 50-70
Compression MPa 580-700 450-550 590 430-450  210-320
strength
Flexural strength MPa 500-700 450-500 500 330-370 160-300
Interlam. shear MPa 35 45-48 10 35 28-33
strength
Porosity % 10 10-15 10 15-20 2-5
Fibre content Vol.% 45 42-47 46 42-47 55-65
Density glem? 2.1 2.1-22 1.8 1.7-1.8 1.9-2.0
Coefficientof || 1076 K™! 3 3 1.16¥ 3 —1 bis 2.5@
thermal A 5 5 4.06 4 2.5-72
expansion
Thermal I W/mK 14.3-20.60 14 11.3-12.6@ B 17.0-22.6®
conductivity L 6.5-5.90 7 5.3-5.5@ - 7.5-10.3®
Specific heat J/kgK 620-1400 - 900-16001 - 690-1550
Manufacturer SNECMA MAN Dornier MAN DLR

| and L = Fibre orientation (1) = RT — 1000 °C (2) = RT — 1500 °C (3) = 200 — 1650 °C (4) = RT - 700 °C

are derived from a two-dimensional reinforcement with a 0°/90° fibre orientation. C/SiC
composites, processed via CVI have a somewhat higher density than the liquid phase derived
composites due to their crystalline matrix. The precursor route of the LPI-process leads to an
amorphous microporous SiC matrix, derived from the Si-polymer which can be optionally
combined with a crystalline phase of primary SiC powder. The matrix of C/C-SiC compos-
ites, manufactured by LSI, is much more complex: crystals of silicon carbide in different
sizes (<100 pm),unreacted silicon and amorphous carbon form the heterogeneous matrix,
in which comparable high amounts of fibres (typical fibre volume contents are 50-65%)
are embedded. Figure 13 shows some characteristic SEM-micrographs of CVI-, LPI- and
LSI-composites.

All composites in Table 1 are derived from preforms with a fibre coating based on
carbon, except for the LSI-C/C-SiC composites. As a consequence, these composites show
comparable lower values of strain to failure (0.15 to 0.35%) and lower strength levels. The
open porosity of CVI- as well as LPI-C/SiC composites lies between 10 and 20%, whereas
melt-infiltrated C/C-SiC composites typically vary between 2 and 5%.

C/SiC composites show a quasi-ductile fracture behaviour, derived from mechanisms
like crack deflection and fibre pullout. Figure 14 shows exemplarily these effects within
a C/C-SiC composite. The linear-elastic behaviour of C/SiC is less pronounced than for
example SiC/SiC composites due to the inherent microcracks in the matrix which occur
during cooling-down from processing to room temperature because of the high thermal
mismatch between C-fibres and SiC-matrix.
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FIGURE 14. Crack deflection and fibre pull-out in a 2D C/C-SiC composite, loaded under bending stresses

One common characteristic of all C/SiC composites is their distinct anisotropy in the
mechanical as well as thermophysical properties. Considerable lower values of the tensile
strength and the strain to failure have to be considered for an appropriate design if the
load direction and the fibre alignment are not congruent. As the carbon fibres show a
different physical behaviour in longitudinal and radial direction, the composite’s properties
like thermal conductivity and coefficient of thermal expansion differ widely with respect to
the in-plane or transverse direction.

Designing with C/SiC composites, manufactured via the liquid phase routes LPI and
LSI, principally follows the same rules as exist for anisotropic CFRP composite materials.
However, due to the high processing temperatures and the irreversible shrinkage of the
matrix the influence of the fibre anisotropy on the macroscopic dimensional stability must
be taken into account. The matrix shrinkage is impeded by the fibres and, dependent on the
fibre/matrix bonding forces, dimensional changes in direction of the fibres are prevented.
In contrast, transverse to the fibre alignment the composite’s shrinkage is unhindered. As
a result, angled 2 D-plates show spring forward effects, which occur irreversibly during
pyrolysis or reversibly during their use in intervals of high temperature differences. More-
over, the transverse shrinkage of the matrix in C/SiC components with a closed contour
such as wound tubes can result in additional matrix stresses in radial direction. By the
use of more isotropic preforms like short fibre or three-dimensional reinforcements these
anisotropy effects on the dimensional stability of C/SiC components can be minimized.

FIGURE 13. SEM micrographs of different C/SiC composites
a CVI-C/SiC (magnification 100x) b LPI-C/SiC (0°/90° multilayer)

Ref.: MAN-T Ref.: DaimlerChrysler Research and
Technology / Dornier
¢ LSI-C/C-SiC (woven fibres) d LSI-C/C-SiC (chopped fibres)

Ref.: DLR Ref.: DLR
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FIGURE 15. High temperature properties of C/C-SiC composites

In contrast to most other structural materials, C/SiC and C/C-SiC composites retain
their strength level at elevated temperatures, similar to carbon/carbon materials. Besides,
their high temperature strength is superior to the level at room temperature, i.e. the higher the
temperature, the higher the strength (Figure 15). The data given in Table 1 are determined
at room temperature, but by reason of this aspect they can be used also for a first design
approach at high temperatures.

(4.2) Mechanical and thermal properties

There exist several independent manufacturers of C/SiC materials utilizing different
processing routes. In the following, representative characteristics for the three main pro-
cesses CVI, LPI and LSI are summarized in the Tables 2 to 8§ to give an overview on the

TABLE 2. Material data of CVI- and PIP-C/SiC composites with different fibre reinforcements [6}]

Property Unit CVI-C/sicl PIP-C/SiC2

Fibre content Vol% 42-47 42-44 45-50
Density gjuf-::m3 2.1-2.2 1.7-1.8 1.6-1.8
Porosity % 10-15 15-20 10-25
Tensile strength MPa 300-380 240 200-250
Strain to failure % 0.6-0.9 0.8-1.1 0.3-0.5
Young’s modulus GPa 90-100 60-80 70-80
Flexural strength MPa 450-500 330 250
ILSS MPa 44-48 30-35 10-12
Coefficient of I 1076 K1 3 3 2-3
thermal expansion L 10-K-! 5 4 4-7

Y Woven fabric reinforcement 0°/90°
2 UD cross ply
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TABLE 3. Mechanical and thermophysical properties of LPI-C/SiC [9]

Fibre T 800/6K Density 1.8 glem?
Fibre coating pyC Porosity 10%
Manufacture temp. 1,600 °C Fibre volume content 46%
RT RT after 1600 °C/10 h
Argon 1600 “C vacuum
Lay-up uD 0°/90°  45°/45° 0°/90° 0°/90°
Tensile strength MPa 470 250 55 260 266
Strain to failure %o 0.5 0.5 0.56 0.54 0.37
Young’s modulus GPa 145 65 31 65 75
Flexural strength MPa - 500 - -
Compression strength  MPa 1080 590 - - -
ILSS MPa - 104 - 11 -
100 °C 1000 °C 1500°C
Thermal conductivity W/mK Il 11.33 12.62 12.18
i 5.24 5.48 529
Coefficient of thermal 10751/K 1 1.16 2.19 2.68
expansion 1 4,06 5.72 6.23
Heat capacity Jkg K 900 1400 1600

TABLE 4. Mechanical properties of C/SiC composites reinforced with
plain-weave fabrics [44]

Fibre content Vol% 45
Density g/lem? 2.1
Porosity %o 10
RT 1200 °C

Tensile strength MPa 518 544
Strain elongation % 1.06 1.10
Young’s modulus GPa 752 114.5
Compression strength MPa 544 -
Contraction under compression 9o 0.38 -
Compressive modulus GPa 102 -
4 pt-flexural strength MPa 450 -
ILSS MPa 34.5 —
Fracture toughness MPa +/'m 212 -

TABLE 5. Mechanical properties of heat-treated C/SiC composites based
on plain-weave fabric from T-300 fibre [44]

Fibre content Vol % 40
Density g/em? 2.1
Porosity % 10
RT 1200 °C
Tensile strength MPa 411 321
Strain elongation %o 0.79 0.45
Young’s modulus GPa 84.9 1428
Compressive strength MPa 497 =2

ILSS MPa 27.6 =
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TABLE 6. Design values for five different LSI-C/C-SiC composites [45]

Property Unit XB XT XD XG SF
Density 10°kg/m? 1.9 1.9 23 2.2 2.0-2.1
Open porosity % 35 35 1.0 =5 =3
Interlaminar shear strength MPa 28 33 - - -
Flexural strength MPa 160 300 80 65-80 90-140
Tensile strength MPa 80 190 30 - -
Strain to failure % 015 035 004 - 0.15-0.25*
Young’s modulus GPa 60 60 100 - 50-70*
Coefficient of thermal expansion 10-51/K 100 °C || —1 -1 1.5 - 0.5
(Reference temperature 25°C) 100 °C L 2.5 2.5 4.5 - 1.0
Thermal conductivity W/mK 200°C || 18.5 22.6 337 - -
200°C L 9.0 10.3 18.2 = 25-30

* measured from flexural tests

material’s potential. In most cases, only RT-values of the usual mechanical and thermal
properties are published. If available, also HT-properties and correlations with the fibre
orientation of the preform are included. However, only few information on the type of fibre,
the phase composition of the matrix, the testing method and sample size are given by the
manufacturers. To compare the individual composite materials, this lack of transparency
has to be taken into account and additional information must be obtained from the specialist
literature or directly from the producer.

The dynamic behaviour of C/SiC composites is generally very high with an outstanding
fatigue behaviour under cyclic loading. The inherent microcrack pattern of the matrix pre-
vents the propagation of matrix cracks and results in a high number of load cycles without
showing an essential decrease of the residual strength level. The good low cycle fatigue

TABLE 7. Properties of LSI-C/SiC for brake disk applications [46]

Mechanical properties

Density glem?® 24
Open porosity % =1
Tensile strength (RT) MPa 40
Failure strain %o 0.4
3 pt-bending strength (RT) MPa 80
3 pt-bending modulus (RT) GPa 30
Phase composition SiC o 60
C To 30
Si Y% 10
Thermophysical properties
Maximum temperature °C 1350
Coeff. of therm, expansion 0°C=300°C 107% UK 1.8
300 °C-1200°C 105 /K 30
Thermal conductivity 20°C W/mK 40
1200°C W/mK 20
Specific heat capacity 20°C Jkg K 800

1200°C JkgK 1200
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TABLE 8. Properties of LSI-C/C-SiC composites for brake disk applications [5]

Material grade Unit CF226 P75 CF226 P76 CF 226/1 P77 CF 226/2 P77 FU 2952 P77 FU 2905/4 P77
Reinforcement - fabric fabric fabric fabric short fibre felt
Density glem3 >1.8 >1.8 >1.8 >1.95 =20 >1.55
Silicon uptake % =20 =20 »25 =45 =50 =20
Flexural strength MPa 180-200  220-240 140-160 130-140 60-80 55-70
Flexural modulus ~ GPa 55-60 65-70 50-55 55-60 23-27 12-17
Strain to Failure % 0.30-0.35 0.25-0.30 0.25-0.30 0.23-0.27 0.20-0.26 0.6-0.8
ILLS MPa 14-18 17-20 15-17 14-17 7-11 -
Thermal W/mK 12-15 12-15 12-15 18-22 18-23 15-22
conductivity
(x/y-direction)
Thermal WimK 30-35 30-35 28-33 30-35 28-33 -

conductivity
(z-direction)

CTE 25-800 °C 107°K~"  1.0-1.5 1.0-1.5 1.0-1.5 0.8-1.3 1.2-1.6 24-32
(x/y-direction)
CTE 25-800°C 107°K~!  5.5-6.0 5.5-6.0 6.0-6.5 5.5-6.0 5.2-5.6 -

(z-direction)

(LCF) resistance in combination with a high notch insensitivity underlines the applicability
of C/SiC composites as structural ceramic materials.

The thermal properties of C/SiC as well as C/C-SiC composites given in the tables refer
to inert ambient conditions to eliminate oxidative influences on the fibres. For a long term use
in air the composites have to be protected with an appropriate external coating. Such coating
systems are mostly based on brittle materials like CVD-SiC with much lower allowable
fracture elongations than the substrate with the result, that the allowable design values of
strength and strain must be reduced considerably. Similar to the mechanical properties the
thermal properties depend on the fibre architecture of the preform and show a high degree
of anisotropy.

Figure 16 shows the relationship between the material’s density and the transverse
thermal conductivity of a C/C-SiC composite. Generally, the lower values correspond with
continuous fibre reinforcements (i.e. fabrics), whereas the highest densities refer to short fibre
architectures. As for most other materials, the thermal conductivity of C/C-SiC decreases
with higher temperatures. Figure 17 demonstrates this relationship for different material
modifications which have been manufactured by varying the fibre preform and the processing
conditions. The average decrease of transverse conductivity between 300 °C and 900 °C
amounts to approximately 30%.

In the temperature range of up to about 200 °C, the coefficient of thermal expansion
(CTE) of the carbon fibres in fibre direction are generally negative, and they offer the
option to create composites which are tailored to render a specific expansion behaviour by
combining the positive expansion coefficient of the SiC matrix with a varied orientation of
the fibres.

The thermal expansion coefficient of two-dimensional C/C-SiC is already generally low
over a very large temperature range. By specific modification ofthe C/C and SiC proportions
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FIGURE 17. Transverse thermal conductivities of different C/C-SiC composites versus temperature

in the C/C-SiC composite, the negative expansion behaviour of the embedded C-fibres may
be, for example, compensated by an increase of the ceramic content, thereby rendering an
altogether expansion-neutral behaviour.

Figure 18 depicts these influences ofthe ceramic content on the CTE in fabric-reinforced
C/C-SiC composites. Pure carbon/carbon and monolithic SiC establish the respective limits
of a potential material modification for very low or high expansion coefficients.

(4.3) Frictional properties

Among all other functional properties of C/SiC and C/C-SiC composites the frictional
properties are of major interest because of their high economical potential when used as high
performance braking materials. High heat fluxes from the outer friction surface to the centre
ofthe composite are necessary to avoid overheating of the friction surface, i.e. high transverse
conductivities must be adjusted in order to achieve high coefficients of friction (CoF) and
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FIGURE 18. Coefficient of thermal expansion of fabric-reinforced C/C-SiC in relation to the SiC content
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FIGURE 19. CoF of different types of C/C-SiC composites [12] (Type I: 2D reinforcement, Type 1I: HM-fibres,
Type I1I: axial fibre orientation, Type I'V: high SiC-content)

low wear rates. Standard C/C-SiC composites with bidirectional reinforcements have been
modified in their composition and microstructure and lead to an essential improvement of
heat conductivity and CoF stability (Figure 19). Particularly, by increasing the silicon carbide
content of the composite the transverse thermal conductivity was doubled in comparison to
the original space materials.

However, high SiC levels and low carbon contents also influence the mechanical prop-
erties and decrease the damage tolerance of the brake disk. As high ceramic contents are
mainly necessary in the outer region of the friction surfaces, two approaches for a further
material improvement were pursued [47]:

- Gradient C/C-SiC composites with a gradual increase of SiC from the centre to the
surfaces
— Homogeneous C/C-SiC composites with SiC-rich coatings on the surfaces

Both approaches successfully fulfill the conflicting requirements on high ductility, high
hardness and good wear resistance. The coefficient of thermal expansion ofthe ceramic-rich
surface is considerably higher than the CTE ofthe C/C-SiC substrate. Depending on this CTE
mismatch, a more or less microcracked surface occurs as aresult of the tensile stresses within
the outer region during cooling after processing. The formation of the microcrack pattern
depends on the fibre architecture of the core material. The most pronounced crack pattern
with plenty of randomly orientated cracks can be observed for bi-directionally reinforced
C/C-SiC composites whose thermal shrinkage during cooling is close to zero. Short fibre
reinforcements with their higher CTE can lead to nearly crack-free surfaces. The width of
the microcracks depends on the thickness of the SiC-layer. In general, the thicker the layer,
the wider the surface cracks. During braking, when the coating is heated up, the cracks
get narrower as the outer region expands more than the substrate. All cracks normally run
through the total thickness of the layer, but stop in the ductile core region and no breakage
of the fibres occurs.
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In the last few years, many tribological tests for different brake applications have been
conducted in order to optimize this tribosystem. In particular for disk brakes of high per-
formance cars combinations with organic and sintermetallic pads were developed which
allow operating times comparable to the lifetime of a car (300,000 km). Most of the
test results as well as the material’s compositions are confidential and not published. At
least, some values are depicted in the Figures 20 and 21 showing some representative
frictional properties of C/C-SiC composites and demonstrating their superior stability
against fading.
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FIGURE 21. Fading tests of SiSiC coated C/C-SiC brake disks (repeated brakings on the hot surfaces by vehicle’s
deceleration from 134 to 44 km/h)
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SUMMARY

Originally, the demands in space technology played the decisive role in the devel-
opment of carbon fibre reinforced silicon carbide composites (C/SiC, C/C-SiC). High
mass-specific characteristics and extreme temperature resistance are important selection
criteria for materials used in jet engines and thermal protection systems of new space-
craft and rockets. Within the last few years, the properties and the manufacturing methods
were consistently improved, so that now also the industry in general can share in the prof-
its of this new class of materials. The liquid silicon infiltration (LSI) process is regarded
as the most promising process for industrial products, especially if the aspect of costs is
considered.

C-fibre reinforced SiC composites differ widely in their microstructures and properties,
depending on the applied processing method. Typically, their matrix is microporous and
microcracked with a considerably heterogeneous structure. The microstructures can be
tailored by different methods, e.g. fibre coatings, fibre surface preparations or variations of
the fibre alignment covering the whole range from nearly dense to fairly graded composites.
In particular, C/C-SiC composites show superior tribological properties in comparison to
grey cast iron or carbon/carbon. In combination with their low density, high thermal shock
resistance and good abrasive resistance, these CMCs are promising candidates for advanced
brake and clutch systems. High improvements in wear resistance were achieved by SiSiC
coatings. Almost wear-free brake disks in combination with acceptable low wear rates for
pads show a high potential for lifetime brake disks in passenger cars.

The utilization of C/SiC and C/C-SiC materials has been expanded to also cover quite
different fields of lightweight constructions, such as casings and construction elements for
optical systems, charging devices for heat treatment, calibrating plates or lightweight armor
for ballistic protection.

Due to the beginning industrialization of the manufacturing processes, which has just
started out, the designers and also the users are lacking practical experience with this new
structural ceramic material. Design rules, as have been developed for other composite ma-
terials, metals or ceramics without reinforcement, are only available in limited extent until
now. This will, however, change in the near future, if one succeed in making full use of
the production capacities built up so far, and in gaining a broad basic knowledge as well as
application-specific experience.

Until now, low empirical information has been gained regarding the production of
C/C-SiC components in larger quantities. The manufactured quantities are still modest
(approximately 10,000 parts per year), and they are burdened with high specific component-
costs of about 250 Dollar/kg. The growth of production facilities among several manufac-
turers and cost-reducing technologies are measures already being applied, which allow
considerably lower material costs to be anticipated for the future.
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ABSTRACT

The fabrication and thermo-mechanical properties of SiC monofilament- and SiC fiber
tow-reinforced reaction-bonded silicon nitride matrix composites (SiC/RBSN) and fully
dense SiC monofilament-reinforced silicon nitride matrix composites (SiC/Si3N4) have been
reviewed. The SiC/RBSN composites display high strength and toughness, and low thermal
conductivity in the as-fabricated condition, but are susceptible to internal oxidation and
mechanical property degradation in the intermediate temperature range from 400 to 1100°C.
The internal oxidation problem can be avoided by applying functionally graded oxidation
resistant coatings on external surfaces of the composite. On the other hand, the fully dense
SiC/Si3N4 composites fabricated by using SiC monofilaments and pressure assisted sintering
methods display moderate strength and limited strain capability beyond matrix cracking
stress. Advantages, disadvantages, and potential applications of SiC fiber-reinforced silicon
nitride matrix composites fabricated using various fiber types and processing methods are
discussed.

I. INTRODUCTION

The realization of improved efficiency for engines used for aero and space propulsion
as well as for land-based power generation will depend strongly on advancements made in
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the upper use temperature and life capability of the structural materials used for the engine
hot-section components. Components with improved thermal capability and longer life
between maintenance cycles will allow improved system performance by reducing cooling
requirements and life-cycle costs. This in turn is expected to reduce fuel consumption, to
allow improved thrust-to-weight and performance for space and military aircraft; and to
reduce emissions and power costs for the electrical power industry.

Currently, the major thrust for achieving these benefits is by the development of fiber-
reinforced ceramic matrix composites (FRCMC). These materials are not only lighter and
capable of higher use temperatures than state-of-the-art metallic alloys (~1100°C), but
also capable of providing significantly better static and dynamic toughness than monolithic
ceramics while maintaining their advantages; namely, high temperature strength, low den-
sity, erosion and oxidation resistance. However, FRCMC are more difficult to process than
monolithic ceramics. The requirement for stable multifunctional fiber-matrix interfaces for
optimized composite mechanical properties combined with the relative instability of many
fibers with respect to temperature, atmosphere, and chemical interaction with the matrix
places stringent limitations on FRCMC processing temperatures and times. For the last
twenty years, a variety of FRCMC such as silicon carbide fiber reinforced silicon nitride,
silicon carbide fiber reinforced silicon carbide and alumina fiber reinforced alumina matrix
composites have been developed. This review covers only SiC fiber-reinforced silicon nitride
matrix composites. The other composite systems will be discussed in other chapters of this
hand book.

The interest in development of SiC/Si; N, composites stems from the fact that: (a) SiC
and Si3Ny are thermodynamically compatible and stable at temperatures to 1700°C, (b)
silicon nitride processing temperature can be tailored to avoid fiber degradation, (c) silicon
nitride matrix microstructure can be controlled to improve composite properties such as
matrix cracking strength and thermal conductivity.

The fabrication of SiC fiber reinforced Si3N4-matrix begins by the use of monofilaments,
fiber tows, and textile processes (weaving, braiding) to form multi-fiber bundles or tows of
ceramic fibers into 2D and 3D fiber architectures or preforms that meet product size and
shape requirements. For assuring crack deflection between the fibers and final matrix, a
thin fiber coating or interphase material with a mechanically weak microstructure, such as
boron nitride (BN) or pyrolytic carbon is then applied to the fiber surfaces by chemically
vapor infiltration (CVI). Silicon nitride-based matrices are then formed within the coated
preforms by a variety processes: (1) CVI of precursor ammonia and silicon-containing
gases that react on the preform surfaces to leave a dense Si3N4 product; (2) reaction-bonded
silicon nitride (RBSN) where silicon powder in the fiber preform is converted to silicon
nitride matrix; (3) polymer infiltration and pyrolysis (PIP) in which a pre-ceramic SizNy-
forming polymer is repeatedly infiltrated into open porosity remaining in the composite
preform and then pyrolyzed by high-temperature thermal treatments; (4) hot pressing (HP)
and (5) hot-isostatic pressing (HIP) in which fiber preform filled with silicon nitride powder
and sintering additives is uniaxially or iso-statically pressed at high temperatures.

The pressureless sintering method commonly used for the fabrication of monolithic
silicon nitride ceramics cannot be successfully adapted for the fabrication of SiC fiber
reinforced silicon nitride matrix composites because of significant strength degradation of
currently available fibers at the high temperatures required for sintering, and also because
of the problems associated with retardation of densification of the matrix material by the
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presence of already dense fibers. Fabrication of SiC/SizN4 composites by CVI was not
successful because of the difficulty of maintaining stoichiometry of silicon nitride, and
infiltrating into thick sections of the preforms. Also, the textile process for the manufacture
of2-D woven and 3-D braided SiC/SizN4 has not been investigated. Only SiC monofilament-
and SiC fiber tow-reinforced SizN4 matrix composites fabricated by reaction-bonding, or
hot pressing, or hot-isostatic pressing have been reported in the ceramic literature.

II. SiC FIBER-REINFORCED REACTION-BONDED
SILICON NITRIDE COMPOSITES

Fabrication of a fiber reinforced reaction-bonded silicon nitride involves heating a
fiber-reinforced porous silicon powder preform in pure nitrogen or nitrogen containing
gas mixtures at high enough temperature for silicon to react with nitrogen to form silicon
nitride. The material produced by the process of converting silicon-to-silicon nitride matrix
by gas phase reaction is referred to as reaction-bonded silicon nitride (RBSN). The nitrogen
gas diffuses from the outer surfaces of the porous fibrous preform towards its center. A
slow, controlled increase in processing temperature can result in reacted material filling the
internal pores with no shrinkage of the overall body. In order for the reaction to proceed to
completion, a continuous pore structure must be maintained for diffusion of nitrogen. If the
number of pores and pore channels is decreasing, then the depth to which the reactions may
proceed becomes a limitation. The fiber stability, green density ofthe fiber preform, particle
size and purity of silicon powder, purity of the nitriding gas, and the thickness ofthe preform
are some of the important factors that control the nitriding temperature and time. The greater
the density, the less the depth to which the reaction may proceed. The nitrided composites
generally contain considerable amount of porosity (20 to 40%). However, the shape, size and
distribution of pores in the nitrided composites can be controlled by controlling fabrication
variables.

If SiC fiber tows are used as reinforcements, the reaction-bonded silicon nitride pro-
cess has the advantage of synthesizing SiC/SizN4 composites in potentially complex and
large shapes with near net shape capability, reducing or even eliminating, post-consolidation
machining. The SiC/Si3Ny composite fabricated by the RBSN process has several advan-
tages: (a) absence of shrinkage during consolidation, (b) RBSN process yields materials with
higher purities than typical dense silicon nitride containing sintering aids, (c) improved
purity of RBSN matrix can permit achievement of high temperature strength and creep
resistance in composites, (d) RBSN processing temperatures are frequently much lower and
processing times much shorter than for conventional pressure assisted sintering, (e) service
temperature limits can substantially exceed processing temperatures, (f) non-equilibrium
phase chemistries or combinations of phases that are inaccessible to conventional process-
ing routes can be achieved.

Because RBSN employs gaseous reactants, the SiC/RBSN material tends to have higher
levels of frequently interconnected, residual porosity than the SiC/SisN4 composite fabri-
cated by pressure assisted sintering methods. Interconnected residual porosity remains an
important issue for two reasons: oxidation and thermal conductivity. Internal oxidation can
lead to internal stresses which may cause premature matrix cracking and fiber delamination.
Thus, to avoid internal oxidation protective coatings may be necessary for these materials.
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Thermal conductivity is also a function of matrix porosity. As the porosity increases, thermal
conductivity decreases. Therefore, internal porosity may significantly reduce the thermal
conductivity of SIC/RBSN composites. The reduced modulus that intrinsically accompanies
uniformly distributed porosity in RBSN matrix facilitates load transfer to reinforcements,
and also lowers thermal stresses in properly designed composites.

The process of converting silicon to SizNjy is exothermic and can be difficult to control.
Heat management is a significant issue in those reactions that are exothermic because
overheating causes loss of microstructural control and phase chemistry ofthe Si3N4 matrix.
Even though reactions are normally carried out at relatively low temperatures (~1350°C),
the combination of long reaction times and the reactivity of constituents can pose serious
detrimental interactions.

The earliest study on SiC fiber-reinforced RBSN was performed by Lindley and Godfrey
[1]. Although fabricated composites showed no strength enhancement over unreinforced
RBSN, they reported improved work of fracture for the composites by controlling the
fiber/matrix interface. The poor strength properties of the composites were attributed to
degradation of the SiC fiber at the fabrication temperature. Interest in SiC/RBSN was reju-
venated in the early 1980’s because of the need to develop strong and tough ceramic mate-
rials. A feasibility study [2-5] investigating the fabrication of SiC fiber-reinforced RBSN
composites using small diameter (<20 pm) SiC fiber tows and large diameter (142 pm)
SiC monofilament fibers showed mixed results. The SiC monofilament composites showed
some improvement in flexural strength, but the SiC fiber tow-reinforced composites did
not. Again instability of the SiC fiber tows at the fabrication temperatures and inadequate
bonding between the SiC fibers and RBSN matrix are the primary causes for inferior prop-
erties. All the above studies used traditional processing methodology and a nitridation cycle
developed for monolithic RBSN for the fabrication of RBSN composites. To overcome the
fiber degradation problem, a low temperature, short time nitridation cycle was developed by
controlling the particle size, hence surface area, of the silicon powder [6]. Using this nitri-
dation cycle, strong and tough RBSN composites reinforced by monofilament SiC fibers or
SiC fiber tows have been fabricated [6—11]. The following sections review the fabrication,
properties, and limitations of these materials.

II.1. SiC Monofilament-Reinforced RBSN Composite

II.1.1. Processing

The SiC fiber monofilaments consist of a SiC sheath with an outer diameter of
142 pm surrounding a pyrolitic graphite-coated carbon core with a diameter of 37 pm.
On the surface of the SiC fiber contained two layers of carbon-rich surface coating. Each
layer is a mixture of amorphous carbon and SiC.

The steps involved in the fabrication of SiIC/RBSN composites are shown in Fig. 1. The
details of the composite fabrication procedure were described in Reference 6. The starting
materials for composite fabrication were SiC fiber mats and silicon powder cloth. The SiC
fiber mats were prepared by winding the SiC fibers with desired spacing on a cylindrical
drum. The fiber spacing used depended on the desired fiber volume fraction in the composite.
The fiber mats were coated with a fugitive polymer binder such as polymethylmethacralate
(PMMA) to maintain the fiber spacing.
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FIGURE 1. Fabrication steps for SiC fiber reinforced reaction-bonded silicon nitride composites.

For silicon cloth preparation, the attrition-milled silicon powder was mixed with a
polymer fugitive binder (Teflon) and an organic solvent (a kerosene based solvent-Stoddard),
and then rolled to the desired thickness to produce silicon cloth.

For composite preform fabrication, the fiber mat and the silicon cloth were alternately
stacked in a metal die and hot pressed in a vacuum furnace at 1000°C and 69 MPa pres-
sure to remove the fugitive polymer binder. The resultant composite preform was nitrided
at 1250°C for 10 to 24 h to convert silicon to silicon nitride matrix. The fabrication time
varies with the panel size. The RBSN matrix shows ~60% a-Si3Na, 32% B-SizNy4, and
~8% excess silicon. The nitrided composite typically contains ~25 vol% SiC fibers,
35 to 45 vol% silicon nitride matrix, and 30 to 40 vol% porosity. The average pore vol-
ume, relative amounts of open to closed porosity, and the density ofthe nitrided composites
can be manipulated by silicon powder characteristics and consolidation parameters. Gener-
ally the higher the preform density the higher will be the nitrided density. The composite
fabricated by the above approach shows a uniform distribution of SiC fibers in the RBSN
matrix and stable interface coating on the SiC fibers, both of which are essential for attaining
high strength and toughness in composites

II. 1.2. Properties of Monofilament SiC/RBSN composites

II.1.2a. Physical and Mechanical Properties

The properties of a SiIC/RBSN composite depend on the volume fraction of the con-
stituents and the bonding between SiC fibers and the RBSN matrix. The room temperature
tensile stress-strain curves for the SiIC/RBSN composites and the unreinforced RBSN matrix
areshown in Fig. 2. The stress-strain curve for the unreinforced RBSN matrix shows only an
initial linear elastic region and no strain capability beyond matrix fracture. In contrast, the
room temperature tensile stress-strain curves for the 1-D and 2-D SiC/RBSN composites
display three distinct regions: an initial linear elastic region, followed by a non-linear region,
and then a second linear region. The non-linearity in the stress-strain curve is due to matrix
micro-cracking normal to the loading direction. The strain capability beyond initial matrix
fracture is possible because of the weak or frictional bond formed between the fiber and
RBSN matrix and the retention of a large fraction of as-produced fiber strength under the
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FIGURE 2. Room temperature tensile stress-strain curves for 1-D and 2-D SiC/RBSN composites containing
~24 vol% fibers, and unreinforced RBSN [8, 9]

fabrication conditions. Ifthe fibers were strongly bonded to the matrix, the composite would
have behaved similar to that of the unreinforced matrix.

The slope of the initial elastic portion of the stress-strain curve represents Young’s
modulus, which primarily depends on volume fraction and elastic modulus of the fibers and
the matrix. Theoretically, Young’s modulus (E¢) of the composite can be estimated using
the rule-of-mixtures.

Ec = EfVi + EnVn

Where E is the elastic modulus, V is volume fraction of the constituent, and the subscripts
fand m refer to the fiber and matrix, respectively. The elastic modulus of the RBSN matrix
decreases with increasing porosity. To estimate the elastic modulus of RBSN with known
porosity, the following equation may be used [12].

Ey= Eo €Xp (=3Vp)

Where Vp is the total volume fraction of porosity and E,, is the Young’s modulus of dense
silicon nitride which has a value of 300 GPa [13].

The slope of the second linear line represents the secondary modulus which is primarily
controlled by the fibers. If fibers are not broken until the ultimate tensile strength is reached,
the secondary modulus should correspond to ~ EfVi. A secondary modulus value less
than ~ EfV; indicates the fracture of fibers in the early stages of deformation.

At the inflection point, a single through-the thickness matrix crack forms normal to the
loading direction and the crack occurs at the largest matrix flaw. As the loading is increased
beyond the inflection point, the pieces of matrix on both sides of the crack load and crack
again at the next largest matrix flaw. This process continues until matrix blocks cannot sustain
load. The stress at which the first matrix crack forms can be modeled by knowing the volume
fractions and elastic moduli of the constituents, interfacial shear strength between the fiber
and the matrix, fracture toughness of the matrix, fiber diameter, and nature of residual stress
in the composite. Various fracture mechanics-based models can fairly accurately predict the
matrix cracking strength.
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TABLE I. Room temperature physical and mechanical
properties for SiC/RBSN composites [8-10,14].

Property 1-D 2-D
Physical Properties
Fiber content, % 24-30 24-30
Density, gm/cc 22-24 22-24
Porosity, % 30—40 30-—-40
Flexural Properties®
Elastic Modulus, GPa 182 £ 10 NA
Matrix Cracking Stress, MPa 206 £ 40 NA
Matrix Cracking Strain, % 0.1 NA
Ultimate Strength, MPa 965 £ 138 NA
Ultimate Strain, % 1.2 NA
Tensile Properties
Elastic Modulus, GPa 186 + 20 118 £ 15
Matrix Cracking Stress, MPa 227 + 41 130 + 30
Matrix Cracking Strain, % 0.13 0.1
Ultimate Tensile Strength, MPa 690 + 138 316 +£62
Ultimate Tensile Strain, % 1 0.6
Poisson’s Ratio 0.21 NA
Compression Properties
Elastic Modulus, GPa 180 £7 1575
Ultimate Tensile Strength, MPa 1752 4+ 207 722 £ 74
Ultimate Tensile Strain, % 1 0.5
Shear Properties
Shear Modulus, GPa 31+3 NA
Interfacial Shear Strength*, MPa 11+7 NA
Interlaminar Shear Strength*, MPa 40+ 4 NA
Fracture Toughness, MPa(m)'/2 13 NA

@ 4-point flexural test, specimen size: 3 mm (T) x 4 mm (W) x 50 mm (L) NA-Data
not available

# Double notch shear test

* Fiber push-out method

The ultimate tensile strength of the composite is controlled by the fibers. Therefore,
knowing the bundle strength of the fiber, the ultimate tensile strength ofthe composite, o¢,
can be estimated from the equation,

Oc = O'fBVf

where oy is the fiber bundle strength and V¢ is the fiber volume fraction. The tensile
properties of unidirectional SiC/RBSN composites are anisotropic, i.e., in the fiber direction
the composite is strong, but in the direction transverse to the fibers it is weaker than even
the unreinforced matrix. To achieve isotropic properties, multi directional reinforcement is
needed, but the penalty of multi directional reinforcement is reduced mechanical properties
as illustrated by the tensile stress- strain curve for the 2-D SiC/RBSN composite (Figure 2).
Table I summarizes the room temperature mechanical properties of 1-D and 2-D SiC/RBSN
composites.
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FIGURE 3. Variation of room temperature tensile strength with tested volume for 1-D SiC/RBSN containing
~24 vol% fibers and hot-pressed silicon nitride [8, 15].

The SiC/RBSN composites showed several advantages over monolithic SizN4. The
room temperature tensile strength properties ofunidirectionally reinforced SIC/RBSN com-
posites are relatively independent oftested volume (Fig. 3); whereas the ultimate strength
of monolithic ceramics decreases with increasing volume because of greater probability of
finding a strength-limiting flaw with increasing volume [8, 15]. In other words, the strength
of a fiber-reinforced ceramic matrix composite does not depend on the largest flaw formed
during fabrication or during specimen preparation, but it depends on the complex interaction
of local stress fields around the flaws and their growth due to global stresses. This implies
that for applications requiring large material volumes, such as, turbine blades or rotors, the
strength of SIC/RBSN composites may be better than that of dense, commercially available
hot-pressed SizNy. In addition, SIC/RBSN composites display notch insensitive strength
behavior and better impact resistance than unreinforced RBSN or dense SizN4 material.

The variation of tensile strength with temperature in air fora 1-D SiC/RBSN composite
is shown in Fig. 4 [16]. The elastic modulus and matrix cracking strength decreases slowly
with increase in temperature, but the ultimate tensile strength remains relatively constant
from 25 to 600°C. Beyond this temperature it decreases due to oxidation of the carbon
coating on the SiC fibers and creep effects.

I.1.2b. Thermal Properties

I1.1.2b.1. Thermal Expansion Thermal expansion of unidirectional SIC/RBSN com-
posite is mainly a function of constituents’ volume fractions and measurement direction
relative to the fiber, and is not affected by constituents’ porosity. Measurement of linear
thermal expansion with temperature in nitrogen for the 1-D SiC/RBSN composites paral-
lel and perpendicular to the fibers indicates a small amount of anisotropy (Fig. 5). This is
attributed to small difference in thermal expansion coefficients of SiC fibers (4.2 x 1079)
and RBSN matrix (3.8 x 107%) as well as anisotropic thermal expansion of carbon coating
on SiC fibers. In the fiber direction, linear thermal expansion is controlled by the SiC fiber,
and in the direction perpendicular to the fiber, it is controlled by the RBSN matrix.
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FIGURE 4. Variation of mechanical properties with temperature for 1-D SiC/RBSN composites containing
~24 vol% fibers in tested air [16].

Thermally cycling the 1-D SiC/RBSN composites between 25 and 1400°C in nitrogen
had no significant effect on the linear thermal expansion curve transverse to the fibers, but
thermal cycling in oxygen caused a positive shift in ((L.-Lo)/Lg) in the first cycle indicat-
ing length (L) increase (Fig. 6). With each additional cycle, a further increase in speci-
men length was observed, but with each additional cycle, a further increase in specimen
length was observed, but the rate of increase in length/cycle consistently decreased. After
the third cycle, reproducible thermal expansion curves with no apparent hysteresis were
obtained.

Since RBSN is a porous material and most of the porosity is interconnected, exposing
it to oxygen results in growth of silica on the geometrical surfaces and the surfaces of
pores as well. However, the pore wall oxidation ends quickly with the sealing of the pore
channels near the surface because of the 82% increase in volume during conversion of a
mole of silicon nitride to a mole of silica. Beyond this stage, oxidation is limited to the
geometrical surfaces. During cycling the surface silica layer appears to have cracked due to
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FIGURE 5. Linear thermal expansion curve during heating in nitrogen for 1-D SiC/RBSN composites containing
~24 vol% fibers measured parallel and perpendicular to the fibers [17].
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FIGURE 6. Thermal expansion and contraction curves for a 1-D SiC/RBSN composite containing ~24 vol%

fibers measured transverse to the fibers in (a) nitrogen, and (b) oxygen showing influence of internal oxidation
[17].

crystallization and phase transformation. Growth of silica on the pore walls as well as on
the external surfaces accounts for length increase in the SIC/RBSN composites.

Internal oxidation of SiC/RBSN is severe between 800 to 1100°C, and the depth of
the oxidation damage zone is directly related to the pore size; the smaller the pore size,
the lower is the oxidation induced damage. In addition, internal oxidation is also found to
generate tensile residual stresses which affect strength properties of SiC/RBSN.

Thermal cycling of SIC/RBSN in nitrogen had no effect on mechanical properties, but
in oxygen environment, composite properties degraded due to internal oxidation (discussed
in Section 1.2d) and swelling as shown in Table II.

I1.1.2b.2. Thermal Conductivity The influence of temperature on calculated thermal
conductivity for 1-D SiC/RBSN composites parallel and perpendicular to the fiber is plotted
in Fig. 7. The thermal conductivity (K) was calculated from the equation,

K=pCra

where Cp is the specific heat, a is the thermal diffusivity, and p is the density of the
material. The specific heat, thermal diffusivity, and the density of the material were measured
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TABLE II. Room temperature tensile properties of unidirectional SiC/RBSN composites
(Ve ~0.24) [17]

After 5 cycles After 5 cycles
Room-temperature As-fabricated® in nitrogen® in oxygen®
properties (not cycled) 25 to 1400°C 25 to 1400°C
Elastic modulus, GPa 178 £ 16 186 173
Tensile strength, MPa
First matrix 220+ 24 213 138
Ultimate 680 + 62 551 138
Strain to failure, %
First matrix 0.12 0.11 0.08
Ultimate 0.45 0.40 0.08

* Average of 5 specimens
b Average of 3 specimens

quantities. Thermal conductivity parallel to the fibers is greater than perpendicular to the
fibers. Thermal conductivity generally decreases with temperature. In the fiber direction,
both the SiC fiber and the RBSN matrix contribute to the thermal conductivity, whereas in
the direction perpendicular to the fiber, thermal conductivity is predominantly controlled
by the matrix. The significant difference in thermal conductivity parallel and perpendicular
to the fiber is attributed to a boundary gap between the SiC fiber and the RBSN matrix.
Existence of a boundary gap has been confirmed by experimental methods [18, 19].

The coefficient of linear thermal expansion, specific heat, thermal diffusivity, thermal
conductivity for 1-D and 2-D SiC/RBSN at four temperatures in nitrogen measured parallel
and perpendicular to the fibers are summarizedin Tables III and IV. In general, through-the
thickness thermal conductivity value at room temperature for SiC/RBSN composites is low
when compared with a value ~7 W/m-k for the unreinforced RBSN or with a value of
~30 W/m-k for the sintered silicon nitrides [13]. Both weak bonding between the SiC
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FIGURE 7. Variation of thermal conductivity with temperature for 1-D SiC/RBSN composites containing
~24 vol% fibers measured in nitrogen [18, 19].
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TABLE III. Thermal property data for 1-D SiC/RBSN composites in nitrogen [18, 19].

Temperature, °C

Property 25 600 1000 1400

Thermal Properties
Thermal Expansion

In-Plane, 10~%/°C NA 3.1 3.6 3.8

Through-the — Thickness, 1076 /°C NA 29 3.2 3t
Specific Heat, J/kg-K 675 1250 1312 1330
Thermal Diffusivity

In-Plane, 10° m?/sec 7 3.3 2.8 2.5

Through-the — Thickness, 108 m?/sec 2.5 1.8 1.8 1.8
Thermal Conductivity

In-Plane, W/m-K 10 9.0 8.0 7.0

Through-the — Thickness, W/m-K 4.5 4.5 45 4.5

fibers and the RBSN matrix, and porosity in the RBSN matrix appear to affect the thermal
conductivity in this system.

II.1.2c. Thermal Shock Resistance

The ability to withstand the thermal stresses generated during ignition, flameout, and
operating temperature excursions is an important consideration in evaluating potential high
temperature materials. Thermally created stresses may initiate delamination and microcrack-
ing or cause existing matrix flaws to grow, giving a gradual loss of strength and modulus and
eventual loss of component integrity. However, the evaluation of thermal stress resistance
is a complex task since performance depends not only on material thermal and mechanical
properties, but it is also influenced by heat transfer and geometric factors such as heat transfer
coefficient and component size. No reliable testing methods exist to evaluate thermal shock
resistance of materials except testing sub-elements in an engine environment. However, the
water quench and thermal gradient tests are used to qualitatively evaluate thermal shock
performance of 